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ABSTRACT

Nanoscale Corrosion and Tribology Mechanisms in CoCrMo Alloys and Associated Systems

Alex Yu-Wei Lin

Early-stage oxidation and corrosion mechanisms of CoCrMo and NiCrMo alloys can be

analyzed on the nanoscale by transmission electron microscopy. Both alloys are attractive

for a broad array of applications such gas turbines and aircraft engine components as they

are known for their excellent corrosion resistance and mechanical properties at elevated

temperatures. Additionally, CoCrMo alloys are widely used in orthopedic implants such

as total hip replacements, as they have low wear rates and high biocompatibility, resulting

in long service lifetimes. Since corrosion and oxidation behavior and the resulting oxide

layers on the alloy surfaces are very sensitive to the conditions employed, it is necessary to

understand the relevant mechanisms at specific operating conditions. A thorough analysis

of the crystallography and chemistry of nanoscale oxide layers formed on these alloys by

transmission electron microscopy can provide fundamental insights on the thermodynamics

and kinetics of oxide formation in very different environments.

Nonequilibrium oxide phases, which have unusual combinations of crystallography and

chemical compositions, are observed in the early-stage oxidation and corrosion of CoCrMo

alloys. An investigation of CoCrMo alloys oxidized at a moderate temperature and short

time scale reveals that grain boundaries play a role in assisting the formation of oxides

that contain solute capture. As cation and oxygen diffusion is rapid through high-energy

grain boundaries, spinel oxides with Cr contents that exceed the thermodynamic limits

are observed. An aqueous corrosion appraisal of CoCrMo alloys also shows that the oxide

layer, which has predominantly rocksalt crystallography, contain a significant amount of Cr,

exceeding the solubility described in thermodynamic data. The oxide layers on a CoCrMo
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alloy corroded in model synovial fluids containing hyaluronic acid is somewhat different, as

rocksalt crystallography is observed but does not have any solute capture, suggesting that

there is a secondary process occurring as the alloy interacts with biomolecules in typical

simulated synovial fluids. Further electrochemical analysis indicates that hyaluronic acid

significantly prevented the formation of a protective layer by removing Cr cations from

the oxide layer. Possible strategies to prevent this deleterious effect are currently under

investigation.

In addition, tribological mechanisms at nanoscale contacts are shown both experimentally

and theoretically. With in situ transmission electron microscopy, mechanical deformations

such as compression and shear are observed in crumpled graphene, which is composed of

intra-sheet links and graphitic nanocrystals. In situ sliding reveals that intra-sheet links are

flexible and can fold and unfold reversibly while graphitic nanocrystals are rigid, demonstrat-

ing the origins of enhanced mechanical stability and wear resistance of crumpled graphene.

By combining contact mechanics and flexoelectricity, the electromechanical couplings at

contacting surfaces can modeled, explaining the thermodynamic driver behind tribocharge

transfer. The link between flexoelectricity and triboelectricity is important for understanding

the complex nature of localized electrical properties at nanoscale asperities and can lead to

the better designs of surfaces to be tailored for specific applications.

Approved by
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CHAPTER 1

Introduction

1.1 Background

Tribology and corrosion are old disciplines that have recently seen an increase in attention.

Tribology has a long history dating back to ancient civilizations, with records showing that

oil and animal fats were used to grease sledges for transporting heavy statues and lubricate

wheels and gears in Egypt, Mesopotamia, and China [1]. Similarly, biological corrosion was

recorded in Etruscan and Roman civilizations, as dental prostheses made of noble metals such

as gold were used to stabilize diseased teeth [2]. Fast-forward to the modern day, tribology

and corrosion remain to be important fields of study in biomedical applications, especially in

orthopedics and dentistry [3]. The rise of complications such as tissue inflammation and bone

loss in CoCrMo metal-on-metal hip replacements has driven the field of bio-tribocorrosion,

which studies the electrochemical and tribological aspects of implants in body fluids at the

interface, to improve the lifespan of implants and avoid costly revision surgeries. Beyond

biomedical applications, tribology and corrosion are prevalent across many industries such as

power generation, marine infrastructure and transport, aerospace, and automotive industries.

The economic cost of tribology and corrosion is immense, as studies conducted in the last

few decades estimate that 2-6% [4, 5] of an industrialized country’s gross domestic product

is consumed by frictional losses and the estimated cost of corrosion is on the same scale,

exceeding $1.1 trillion in the United States for 2016 [6].

As summarized above, the understanding of surface degradation processes, particularly

when tribological components are operating in harsh oxidative or corrosive environments, is

critical for the design of new surfaces and alloys for minimizing operating costs and losses and

maximizing the service lifetimes. Additionally, in many cases, advancements in industries

are exposing materials to more extreme service conditions such as higher temperatures and
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pressures, requiring the need for greater understanding of tribological and corrosive behavior

across a broad variety of environments.

In order to control friction and corrosion, the basic theory of each will need to be introduced.

The laws of friction dating back to DaVinci still see use today in basic discussions of macroscale

phenomena, and they are listed here:

F = µFN (1.1)

F 6∝ A (1.2)

F 6∝ v (1.3)

Where F is the friction force, µ the scalar coefficient of friction, FN the normal load, A the

contact area, and v the sliding velocity. The first macroscopic law of friction states that when

a body is in motion along a contacting surface, the dissipative friction force will be directly

proportional to the normal force, related by a constant known as the coefficient of friction,

µ. This quantity is determined by materials properties of the contacting surfaces as well as

environmental conditions and surface roughness at the interface. The second macroscopic

law of friction states that friction is independent of the area of contact. For example, a piece

of paper sliding across a table on its flat side experiences the same friction force as if it

were sliding on its edge. This statement was not formally challenged until 1950 by Bowden

and Tabor with the realization that areas of contact between surfaces (even smooth ones)

consist of multiple asperities and account for a small fraction of the apparent contact area

(Figure 1.1). The third macroscopic friction law, contributed by Coulomb, states that friction

is independent of sliding speed. This has also been contradicted with extensive nanoscale

sliding experiments. Although the macroscopic laws of friction serve as good approximations

for macroscale behavior, they do not accurately explain the theory of frictional wear and

deformation at the nanoscale.
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Figure 1.1. (a) Multiple asperities at an engineering interface. (b) A scanning
probe microscope tip, commonly used as a counterface for nanoscale sliding
experiments, simulates a single asperity. Adapted from [7].

A fair amount is known about nanotribology, including wear mechanisms. Volume loss

of sliding contacts is a complicated process depending on both the intrinsic properties of

the material, such as hardness and fracture toughness, and extrinsic factors such as contact

geometry and the environment [8]. Tribological studies of two surfaces sliding against each

other usually place an emphasis on friction coefficient and wear. At the macroscopic scale,

plasticity of the materials, stress distribution, along with environment and sliding velocity,

have been interrogated with conventional experimental techniques such as pin-on-disc tri-

bometers. It is known that wear can be caused by abrasive, adhesive, fatigue, fretting, and

corrosive wear, resulting in different degrees of volume loss [7, 9]. From the mechanical per-

spective, the Archard wear model [10] has been widely proven for general tribological systems

with total wear volume loss being proportional to the normal load, the sliding distance, and

inversely proportional to material hardness. The stresses at the surface can be calculated

using approaches such as Hertzian contact theory [11] and adhesion [12–15]. In addition to

mechanical wear, tribochemical reactions at sliding contact surfaces are also important and,

in many cases, critically influence the environmental sensitivity [16–20].

Moving to corrosion, when a metal oxidizes in an aqueous environment or in air at elevated

temperatures, the following oxidation reaction occurs:

M +
1

2
O2 → M2+ + O2− → MO (thin film) (1.4)

The thermodynamics for corrosion reactions of various metals can be ascertained from Pour-

baix diagrams [21], which show the equilibrium electrochemical potential dependence of pH
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at given pressure, temperature, and concentration. Pourbaix diagrams are useful to predict

the immunity of passivity; however, they overlook the kinetic phenomena of corrosion reac-

tions. The established models of protective film oxide formation in aqueous environments

[22] and higher temperature oxidation have focused upon the development of equilibrium

phases, such as nickel oxide and chromium oxide in NiCr alloys, or enrichments of alloying

elements in passive films [23–26]. A thin oxide layer develops first with a substantial electrical

potential gradient across it, as first described by Cabrera and Mott [27]. As the film thick-

ness increases, point defects diffuse across the oxide due to the chemical potential gradients

and the electric fields [28–30], often referred to as field-assisted diffusion. Eventually, the

film thickness becomes large and standard diffusion becomes the controlling factor. In an

aqueous environment, the film may never reach this limit due to simultaneous dissolution at

the oxide-water interface [31, 32]. In some cases, a thin oxide film develops which does not

significantly oxidize further, serving as a self-protective coating. In other cases, particularly

when chloride ions are present in the aqueous environment, there is accelerated corrosion, as

the protective oxide film may develop pits and pinholes and expose the metal to corrosion

attack [33, 34]. There is significant experimental understanding of how to mitigate chloride

attack, including the addition of Mo or other alloying elements [35–39]. Typically, aqueous

films have been characterized with extensive X-ray photoelectron spectroscopy (XPS) data,

and solid-state oxide films have been examined with X-ray diffraction (XRD) or electron

diffraction. More recently, nonequilibrium oxide phases have been found in the oxide films

during both air oxidation and aqueous corrosion by combining structural information with

atomic scale chemical analyses [40, 41]. Many experimental methods today are capable of

probing the structure and chemistry of microscale, nanoscale, and even atomic scale surfaces,

motivating future studies of nanoscale tribocorrosion mechanisms in more detail and allowing

for the development and design of better performing materials.

Tribocorrosion, a combination of corrosion with tribology, to the first order has to involve

a linear combination of the two phenomena. For example, minor wear in a quasi steady-state
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oxide film in aqueous conditions can promote dissolution, analogous to what was observed in

tribochemical attack of graphite via in situ experiments [42]. A classic model for delamination

failure of an oxide film is associated with metal vacancies leading to Kirkendall voids [43–45]

at the metal-oxide interface which act as nucleation sites for cracks. Clearly, failure will be

enhanced due to external mechanical tractions. There are other possibilities, such as the

combination of external stresses and internal ones due to electromechanical couplings [46,

47]. Beyond these examples, there may be many more, non-linear effects that only occur in

tribocorrosion and are not so relevant for either tribology or corrosion in isolation but hold

relevance in reality.

1.2 Organization

This thesis is organized with an overview of experimental and theoretical methods in

Chapter 2. Experimental results of nonequilibrium solute capture at CoCrMo grain bound-

aries are presented in Chapter 3, with a brief discussion of the kinetics of oxide formation at

grain boundaries with high interfacial energies. The details of the electrochemical behavior

of CoCrMo alloys in model synovial fluids and a discussion of current work in progress are

presented in Chapter 4. Next, I will turn to the thermodynamics of forming nonstoichio-

metric spinel oxides in NiCr alloys using density function theory (DFT) in Chapter 5. A

cryo-transmission electron microscopy (TEM) approach to characterize hydroxide phases in

early-stage aqueous corrosion is presented in Chapter 6. In situ TEM observations of the

nanomechanical behavior of crumpled graphene are presented in Chapter 7. Finally, I will

discuss a model that uses the flexoelectric effect as a thermodynamic driver to explain and

quantify tribocharge separation and transfer in Chapter 8.
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CHAPTER 2

Methods

The purpose of this chapter is to present the details of various experimental procedures

which were commonly used throughout the work described herein. In order to study corrosion

and tribology mechanisms in depth, a combination of several sample preparation, characteri-

zation, and theoretical methods were employed to examine the structure and chemistry of

the resulting surface after electrochemical or mechanical treatments. The first portion of this

chapter will focus on sample preparation by describing the oxidative or corrosive conditions

used for alloys and the methods used to prepare these samples for nanoscale characterization.

In the next portion of the chapter, background for the electron microscopy techniques, in-

cluding the in situ TEM method used to study tribology, will be introduced. Lastly, in the

final portion of the chapter, density functional theory used in thermodynamic calculations is

described, followed by a brief discussion of the bond valence sum approach to quantify the

structural stability of oxide phases.

2.1 Sample Preparation

2.1.1 Alloy Oxidation and Aqueous Corrosion

Before oxidation and aqueous corrosion, alloy samples were mechanically polished through

a sequence of progressively finer sizes of silicon carbide abrasive papers from 320-grit up to

1200-grit with water lubrication. Next, the polishing was performed using water-based 3 µm

and 1 µm diamond suspensions dispersed on a cloth-based polishing pad. The final stage

polishing was performed using a 0.06 µm Al2O3 slurry until the alloy surface had a mirror

finish. Lastly, the samples were ultrasonically cleaned in acetone and de-ionized water for 10

minutes each, to remove any remaining debris from mechanical polishing.

To simulate oxidation conditions, the polished samples were oxidized either in ambient

air or flowing oxygen at temperatures from 700 to 1000 ◦C in a quartz tube furnace for
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0.5 to 2 hours. For selected samples, the ends of the quartz tube were sealed and oxygen

gas was flowed through the tube furnace with a pO2 of 0.5 atm to increase the oxidation

rate. To simulate early-stage aqueous corrosion, polished alloy samples or TEM samples (see

Section 2.1.3) were corroded in 200 mL of a 0.1 M NaCl solution adjusted with 0.1 mM HCl

to pH 4, with 5 µL of H2O2 (30% w/w) injected near the sample surface to increase the

oxidation rate. This treatment was verified by Dr. Katie Lutton and Prof. John Scully at the

University of Virginia to produce an electrochemical potential near +0.2 V versus a saturated

calomel reference electrode (SCE), a potential within the passive region. Verification of the

chemical potentionstat approach was achieved by observing identical oxides in electrochemical

impedance experiments [40]. Both the bulk samples and TEM samples were corroded for 104

seconds at room temperature.

2.1.2 Corrosion in Simulated Biological Fluids

In order to investigate the interactions of CoCrMo alloys with hyaluronic acid (HA) and

bovine serum albumin (BSA), which are constituents in human synovial fluid, electrolyte

solutions were tested in a three-electrode electrochemical cell that was connected to a Gamry

Series G 750 Potentiostat by Dr. Simona Radice of the Department of Orthopedic Surgery

at Rush University Medical Center. An illustration of the three-electrode electrochemical

test is shown in Figure 2.1. The polished CoCrMo samples were fitted into the center of

the testing chamber, acting as the working electrode. The counter electrode consisted of

a 0.5 mm Pt wire that wrapped around the circumference of test chamber wall. A Gamry

Silver/Silver Chloride Skinny Reference Electrode in saturated KCl solution was used as the

reference electrode. The reference electrode was located about 2 mm away from the polished

CoCrMo surface. To simulate typical physiological conditions, the tests were performed

inside a water-jacketed CO2 incubator with the temperature set to 37 ◦C and the CO2 level

set to 5.0%.
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Figure 2.1. A schematic of the three-electrode electrochemical test chamber.
The working electrode (WE) is the CoCrMo sample, the counter electrode
(CE) is the Pt wire, and the reference electrode (RE) is the Ag/AgCl electrode.
Adapted from [48].

Generally, the electrochemical test protocol used in this thesis includes the following steps:

open circuit potential (OCP), potentiodynamic polarization, and potentiostatic polarization.

At the OCP, the anodic reaction rate is equal to the cathodic reaction rate, and the OCP value

is often used to determine whether the material is in the passive or active corrosion regime.

Potentiodynamic polarization is a characterization step that involves changing the potential

of the working electrode and monitoring the current which is produced. By measuring the

corrosion current for the entire range of the potentiodynamic scan, a breakdown potential,

which indicates the transition to the transpassive domain, can be observed. Lastly, the

potentiostatic polarization involves applying a constant anodic potential in the passive domain,

close to the transpassive domain so Cr3+ will dissolve. The potentiostatic polarization step

can clarify whether alloys exhibit lower corrosion resistance in different simulated biological
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fluids. Even though some of the potential ranges tested exceed the clinically observable values,

the electrochemical test protocols can provide valuable insight into how individual components

in the synovial fluid affect corrosion, leading to a more clinically relevant understanding of

bio- and tribocorrosion.

2.1.3 TEM Sample Preparation

TEM samples were primarily prepared with two different methods: a conventional TEM

sample preparation method or a focused ion beam (FIB) lift-out method. The conventional

TEM sample preparation method was employed when the area of interest was large and the

focus of the study was to establish basic mechanisms; for instance, the understanding of oxide

formation on CoCrMo alloys during aqueous corrosion. In contrast, the FIB lift-out method

was used to identify details of corrosion and oxidation processes, specifically at surfaces and

grain boundaries. The TEM lamellae prepared in a FIB were typically 50-100 nm thick and

contained grain boundaries or oxide islands, allowing for the characterization of the structure

and chemistry of the metal-oxide interface.

To prepare conventional TEM samples, bulk NiCr, NiCrMo, and CoCrMo alloys were cut

into thin slices using a Buehler Isomet low speed saw. The alloy slices were cut into 3 mm

discs with thicknesses of approximately 0.5 mm using a rotary disc cutter and 40 µm silicon

carbide slurry, and mechanically polished to thicknesses of less than 100 µm with silicon

carbide lapping paper and water lubrication. The alloy discs were mechanically dimpled

until the centers of the discs were about 25 µm thick. Following that, the dimpled discs were

washed with acetone and ion milled with a Fischione Model 1050 TEM Mill operated at 5

kV with a 6◦ milling angle for 1 to 4 hours until a small hole began to form at the center,

followed by a final polish at 1 kV with a 2◦ milling angle for 1 hour. To further reduce the

amorphous and ion-implantation layers, TEM samples were loaded into a Fischione Model

1040 Nano-Mill for low-angle Ar+ ion milling at 500 eV for several minutes.
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For the FIB lift-out method, the TEM samples were lifted out after the deposition of Pt

protective layers on the oxidized or corroded surface in a dual-beam FEI Helios Nanolab FIB

system, and then thinned using a beam energy of 30 kV. The FIB consists of a scanning

electron imaging beam operating at 10 kV with a beam current of 1.4 nA for imaging and a

Ga+ ion milling beam orientated at 52◦ to the electron beam operating at 30 kV with beam

currents ranging from 93 pA to 48 nA for milling. A final cleaning step was performed at 2

kV to reduce the amorphous layer thicknesses in the TEM lamellae.

2.2 Characterization

2.2.1 Transmission Electron Microscopy

The majority of the structural and chemical characterizations of samples undergoing

oxidative, corrosive, and tribological processes were performed with transmission electron

microscopy (TEM). TEM is one of the most effective characterization techniques as it

has the ability to resolve near-atomic scale information about both the bulk and surfaces

of materials while simultaneously collecting crystallographic information with transmission

electron diffraction. The capability to image thin oxide layers and nanoscale oxide islands

and select an appropriate area for electron diffraction is critical for understanding oxidation

and corrosion mechanisms. More details about studying tribological mechanisms with in situ

TEM will be discussed in Section 2.2.2.

Electron microscopy uses the interactions of high energy electrons with a sample to

characterize the atomic and electronic structure of that sample. Louis de Broglie first theorized

that the electron had wave-like characteristics, with a wavelength significantly smaller than

that of visible light. According to de Broglie, the wavelength of the electrons which reach the

sample is related to their energy. With the proper relativistic correction, this wavelength is

on the order of 2.51 × 10−12 m in a typical TEM. The resolution limit, as defined in Equation

2.1, will show that the theoretical wavelength-limited resolution in a TEM is smaller than

the H atom.
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d ∼=
1.22λ

β
(2.1)

Here, d is the minimum distance that can be resolved, λ is the electron wavelength,

and β is the semi-angle of the magnifying lens. Although the resolution based on the

electron wavelength is high, in reality it will be limited by the aberrations in the electron

optics. In additional to the spherical aberration (Cs) and chromatic aberration (Cc) in the

electromagnetic lenses, the image resolution will be further impacted by the misalignment

of the lenses, vibrations, electromagnetic interference, and thick samples. The introduction

of aberration correction systems, which can measure and correct the principal aberrations

affecting the resolution, diagnose and eliminate parasitic aberrations such as astigmatism,

and improve the stability of the microscope [49–51], have made it significantly easier to obtain

atomic-resolution imaging despite the various sources that reduce the image resolution.

Many modern TEMs have the ability to operate in scanning mode, where a focused and

rastering electron probe is used for imaging instead of a parallel beam. This mode of operation

is called scanning transmission electron microscopy (STEM), and can be used for correlated

high-resolution imaging and quantitative chemical analysis. As the fine electron probe scans

the sample in a raster pattern, the scattered electrons are detected by detectors that are

placed after the sample. Similar to a conventional TEM, a STEM is capable of acquiring

bright field (BF) images and one can also use an annular bright field (ABF) detector. STEM

also have annular dark field (ADF) detectors, which only collect the scattered electrons over

an annulus at an intermediate angle. ADF imaging provides diffraction contrast and some

sensitivity to atomic number (Z) as different elements will appear at varying intensities. To

further improve the Z-contrast in images, a high-angle annular dark field (HAADF) detector

can be inserted to collect the electrons that scatter by a higher angle than in ADF mode. At

high-angle scattering conditions, the image contrast will be sensitive to the thickness of the

atomic columns and the atomic number. The collected HAADF signal will be proportional to



33

Zn, where n is 1.7-2. While HAADF imaging in STEM mode is often referred to as Z-contrast

imaging for convenience, it is crucial to check that the actual angular ranges that STEM

detectors are collecting are in fact large enough to minimize diffraction contrast. Additionally,

spherical and chromatic aberrations also impact the resolution of images captured in STEM

mode, similar to conventional TEM imaging. Aberrated electron beams will not be properly

focused at the appropriate probe positions, resulting in decreased spatial resolution. To

remedy this, Cs correctors improve image resolution by forming smaller probes with higher

currents. Consequently, the spatial resolution and sensitivity of spectroscopy techniques

performed in STEM mode will be greatly enhanced as well.

Figure 2.2. Various signals are produced when the electron beam interacts
with a specimen in the TEM.
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In addition to high-resolution imaging, the wide range of secondary signals produced from

electron-specimen interactions in a TEM can be used for additional analytical characterization.

A schematic of these secondary signals is shown in Figure 2.2. For the work reported in this

thesis, I heavily use spectroscopy techniques such as energy-dispersive spectroscopy (EDS)

which uses characteristic X-rays and electron energy loss spectroscopy (EELS) which uses

inelastically scattered electrons to characterize the chemical compositions of oxide layers

on a corroded metal alloy. As the electrons are inelastically scattered by the specimen,

they are promoted from the K, L, or M shells to unfilled shells above the Fermi level. As

the inner shell electrons get promoted, electrons from the outer shells will decay into the

unfilled shells and emit characteristic X-rays, which match the energy difference between the

two shells. These characteristic X-rays are collected by a detector (or sometimes detectors)

and qualitative and quantitative chemical compositions of specific regions of interest in a

specimen can be obtained. In contrast, EELS uses the kinetic energy change of the beam

electrons as they transmit through the specimen by collecting the exiting electrons with a

magnetic-prism spectrometer. The energy distribution of the inelastically scattered electrons

provide information about the atoms present in the material, the bonding and oxidation

states of the atoms, and the collective interactions of atoms with their neighbors, allowing

one to fully characterize the chemical and structural properties of the specimen. Although

EELS has many capabilities, this thesis will only focus on the elemental quantification of

various 3d transition metal oxides.

While many different electron microscopes were used throughout this thesis, the majority

of the experimental data was collected on these three microscopes located at Northwestern

University:

(1) JEOL ARM-200CF, a probe aberration corrected cold-field emission S/TEM op-

erated at 200 kV, equipped with a Gatan Quantum EELS spectrometer and two

Oxford X-Max 100TLE windowless silicon drift detectors for EDS,
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(2) JEOL ARM-300F, a cold-field emission S/TEM operated at 300 kV, equipped with

an Oxford silicon drift detector for EDS,

(3) JEOL JEM-2100F, a field-emission S/TEM operated at 200 kV, equipped with a

Gatan GIF system for EELS and HRTEM and an Oxford Inca EDS detector.

2.2.2 In situ TEM

The most popular approach for nanoscale tribology studies has been scanning probe

microscopy techniques, which include atomic force microscopy (AFM). AFM uses optical

sensing to take precise measurements of the AFM tip’s interaction with the surface. In a

conventional AFM, the normal force between the tip and the sample is measured to determine

the topography of a surface. For friction and sliding experiments, it is more relevant to use

lateral force variations, which can be measured from the lateral deflections of the cantilever

via optical interferometry as the tip interacts with the surface [52]. This technique is now

commonly known as friction force microscopy (FFM) and has been used heavily to observe

various atomic scale friction phenomena such as stick slip [52, 53], superlubricity [54–56], and

lattice directed sliding [57, 58]. In addition, FFM is also used to determine the effects of sliding

velocity [59, 60], substrate crystallography [61, 62], temperature [63, 64], and boundary layer

thickness [65]. Furthermore, the arrangement of different chemical functional groups and its

effect on lubrication and adhesion can be examined with chemical force microscopy, which uses

chemically modified AFM tips to probe surfaces with different functional terminations [66]. In

summary, scanning probe microscopy techniques are fairly robust due to their ability to map

frictional domains across many different materials systems with a force resolution on the order

of tens of piconewtons. The atomically sharp tips used in these approaches approximate single

asperity contacts, effectively simulating fundamental solid-solid interactions in nanotribology.

Experiments in tribology have often suffered from the inability to observe the interactions

at a sliding interface, commonly known as the buried interface problem. Many previous studies

of friction and adhesion at sliding interfaces have heavily used scanning probe microscopy
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Figure 2.3. Atomic-scale stick slip on a Cu(111) surface is observed by measur-
ing the lateral forces with both (a) soft and (b) stiff cantilevers. Bright areas
represent high forces and dark areas represent low forces. (a) Image size is 3
nm × 3 nm. (b) Image size is 3.5 nm × 3.5 nm. Adapted from [53].

techniques. A number of techniques have been modified to include in situ data such as optical

spectroscopies [67–69] or XPS [70]. Additionally, dynamic processes at monolayer interfaces

such as the motion of misfit dislocations have been observed [71–73]. Although these methods

have identified and quantified many different friction phenomena on the nanoscale, ex situ

characterizations of contact surfaces and volume averaged measurements do not necessarily

represent a single asperity-asperity contact.

An ideal experimental approach is to slide a single asperity against a surface, image at

the atomic scale in real time at the structural and chemical levels, and then correlate the

observations with applied force measurements and surface traction. While this cannot yet

be performed, many advances in instrumentation, especially the specialized TEM holder,

have gotten closer to this ideal experiment. Designs for in situ contact probes specifically

for TEMs date back to the 1970s [16]. Using this technology, small volumes of materials can

be stressed in different ways, for instance, indentation of soft materials, wear of soft tips on

hard surfaces, bending of nanowires, and compression of materials between hard contacts.

Newer iterations of these contact probes improved the position resolution, and it became

more common to use scanning probe instruments such as an AFM or scanning tunneling
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microscope (STM) within a TEM. Some of the most elegant work to date is done by Kizuka

et al. [74–76] who showed atomic-scale images of a gold tip sliding on a gold surface.

In situ TEM methods allow for understanding key elements of the processes taking place

at buried interfaces. While sliding experiments inside the TEM are not as quantitative as

AFM and FFM approaches or mesoscale tribometers such as the pin-on-disc tribometer, its

ability to reveal nanoscale and atomic scale details with real-time imaging is unparalleled.

Over the last decade, the advent of commercial systems from Hummingbird, Hysitron, and

Nanofactory has motivated experiments at much higher precision and image resolutions, as

many of these holders are compatible with aberration corrected TEMs. Current instruments

use either a STM or AFM tip or a tip specialized for mechanical stability in nanoindentation

experiments.

In this thesis, I will concentrate on sliding solid-solid interfaces and directly observing the

interfaces in real time without having to rely on retroactive post-mortem characterizations.

A Nanofactory AFM-TEM holder, illustrated in Figure 2.4, is used for in situ sliding studies.

To date, the image resolution is not as good as conventional high-resolution TEMs, mainly

due to vibration of the sample and coupling between the electron beam and piezoelectric

drives in the holder. Despite the fact that the built-in AFM tip in the holder is capable of

collecting force measurements and AFM images, the mechanical stability of the probes and

the accuracy of the measurements remain poor in these instruments.

With the geometry of the holder in mind, it is pertinent to mention the requirements

for experimental design in order to observe tribological phenomena in a TEM. The sample

has to be thin along the electron beam direction of an appropriate surface exposed to the

AFM tip, which serves as a counterface during slide processes. Additionally, the sample is

required to physically fit into the holder as the frame is only slightly larger than 3 mm, the

diameter of a typical TEM grid. A successful example is drop casting lubricant materials

onto a fractured SiN substrate that is glued onto a tungsten wire, which can then be inserted

into the sample mount in the AFM-TEM holder. As a result, the sample along with the SiN
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Figure 2.4. In situ sliding in the TEM is performed by moving the specimen
against a stationary AFM tip.

substrate can then be moved in contact to the tip for sliding. Furthermore, the sample and

holder alignments are critical for successful in situ sliding experiments. While the resulting

images and videos appear as 2D images, the experiments are in 3D so the relative positions

of the sample surface, tip, and the entire holder need to be aligned in the electron beam.

To accomplish this task, a programmable gaming controller connected to the TEM holder

manipulator is used to adjust the sample position in the x, y, and z directions with sub-

ngstrom positional resolutions. The Nanofactory AFM-TEM holder system was used in a

200 kV FEI Tecnai F20ST TEM at Argonne National Laboratory.

2.3 Theoretical Methods

Density functional theory (DFT) allows for the calculations of the structure, thermo-

dynamic stability, and electronic properties of compounds that may not have any existing

experimental data. In DFT, the ground state electron density, ρ(r), has a one-to-one map-

ping to any observable property. This general theorem simplifies a many-body system of n

electrons into a set of n single-electron Schrodinger-like equations, which can be calculated
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with one of many modern DFT implementations. While DFT is exact, its utilization requires

approximating what is known as the exchange-correlation functional and the quality of this

approximation affects the accuracy of the DFT simulation. For example, transition metal

oxides are well-known to be inaccurately modeled by standard PBE or LDA methods, as

they tend to overestimate the hybridization between the metal 3d orbitals and the oxygen

2p orbitals [77, 78]. This results in too much covalency (too little ionicity). To correct for

the covalency problem, the LDA+U method [77, 79] increases the ionicity by introducing

an energy penalty (Hubbard U term) to reduce the degree of 2p-3d hybridization. However,

the method requires the user to input a value for the Hubbard U , which is difficult to deter-

mine independently. Additionally, even if the value of U is “correctly” picked, the U term is

not a global parameter as bonding is highly dependent on the local environment and spin

states. A recently developed method uses an on-site hybrid approach [80–82], which adds an

exact exchange to correct the highly correlated 3d orbitals, that can adapt to the bonding

environment at different atomic sites and changes in the spin states. This approach enables

the calculation of a wide range of structures and compositions with relative ease, as a full

structural minimization is approximately 10% slower than a conventional PBE calculation.

DFT calculations in this thesis were performed with the all-electron augmented plane

wave + local orbitals (APW+lo) WIEN2K code [83, 84]. The spin-polarized calculations

used the PBE functional exchange-correlation potential [85], a hybrid fraction of 0.25 for

the 3d electrons using the on-site hybrid approach [80–82], a RKmax of 6.5 and a k-point

mesh of 5×5×5, with atomic positions and densities converged with a parallel fixed-point

algorithm [86]. All structures were fully relaxed, and the lattice parameters were optimized

as a function of the volume while maintaining the same space group. As a secondary check,

the treatment of transition metal oxides was compared to experimental thermodynamic data

such as the heats of formation for NiO and Cr2O3, and the difference is smaller than the

intrinsic errors in typical DFT calculations.
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In additional to the formation energies, optimized structures, and density of states, bond-

valence sums (BVS) were analyzed. BVS provides a simple way to characterize the structural

stability with respect to the coordination and bonding for atoms in an ionic compound [87–89].

The calculation of the BVS is defined in Equation 2.2:

BV S =
∑
i

vi =
∑
i

exp

(
R0 −Ri

b

)
(2.2)

Where vi is the individual bond valences, R0 is the parameterized length for a particular

bond, Ri is the observed DFT bond length, and b is an empirical constant which is usually

set to 0.37 . After the BVS values are determined for each of the atoms in a DFT calculated

structure, they should have values that are similar to their preferred valence states. The BVS

can also be used to interpret the valence of the metal atoms, which can be complex as many

transition metals are multivalent and can exhibit multiple valences in a single compound.
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CHAPTER 3

Formation of Cation and Oxygen Diffusion Barriers at CoCrMo

Surfaces and Grain Boundaries

3.1 Introduction

CoCrMo alloys are attractive for a broad array of applications as they are known for

their excellent corrosion resistance and mechanical properties. In particular, CoCrMo alloys

are widely used in orthopedic implants such as total hip replacements, as they have low

wear rates and high biocompatibility, resulting in long service lifetimes. The corrosion of

CoCrMo alloys has been closely examined in biomedical applications, as existing studies

cover topics such as electrochemical behaviors in simulated physiological settings [90–94],

intergranular corrosion of different microstructures [95–97], and grain-boundary assisted

crevice corrosion [98, 99]. The addition of Mo in CoCr-based alloys, the impact of which is

still somewhat unclear in the context of oxidation resistance, extends the use of these alloys to

high temperature applications, such as gas turbines used in power generation and fuel nozzles

in aircraft engines. While the corrosion processes in CoCrMo alloys are well-described in

various simulated physiological conditions, the oxidation processes in elevated temperatures

are not as well-documented. In fact, most elevated temperature studies of CoCrMo alloys are

completed at very high temperatures (T > 900 ◦C) and long oxidation times, which are often

on the order of tens to hundreds of hours. Since oxidation behavior is very sensitive to the

conditions employed in a study, it is difficult to understand the oxidation of CoCrMo alloys

at intermediate temperatures by simply extrapolating the results from high temperatures.

Since oxidation resistance is a critical requirement for alloys designed for specific operating

conditions, the microstructures of oxide layers formed at intermediate temperatures provide

crucial details about how oxides initiate and evolve.

Several studies of long-term oxidation of CoCr alloys at various high temperatures have

been published [100–104]. Duplex oxide scales consisting of an outer layer of columnar CoO
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and an inner layer of CoO with Cr2O3 and CoCr2O4 inclusions are observed in a Co-10Cr alloy

oxidized at 800-1300 ◦C. The duplex oxide morphology is consistent with previous studies of

CoCr alloys of different Cr compositions that range from 0-48 wt.%. According to the work

by Phalnikar et al. [100], the oxidation rate of this system increases with increasing amounts

of chromium up to about 10 wt.% Cr. As the Cr content exceeds 10 wt.%, the oxidation

rate decreases with increasing chromium content up to around 30 wt.%. The increase of

oxidation rates in CoCr alloys with dilute amounts of Cr has been investigated more closely

in kinetic studies such as diffusion marker and isotopic experiments [105] as well as on the

analysis of the scale morphology and composition [104, 106]. The decrease of oxidation rates

in CoCr alloys with high Cr concentrations is attributed to the Cr2O3 and spinel particles

imparting oxidation resistance in the inner oxide layer. The general understanding of the role

of Cr2O3 and spinel CoCr2O4 is that both oxide phases act as diffusion barriers that limits

outward cation diffusion through the oxide scale, resulting in reduced oxide growth. However,

as previously mentioned, these studies only examined oxidation at high temperatures (T

> 900 ◦C) for long periods of time. Additionally, oxidation resistance and the morphology

and composition of the oxide layers have not yet been investigated in CoCrMo alloys at

intermediate temperatures. Furthermore, the effect of grain boundaries on the formation of

oxides at the metal surface during oxidation has not been analyzed for CoCrMo alloys either.

For completeness, two mechanisms that are generally applicable to oxidation and corro-

sion will be discussed here: nonequilbrium solute capture and grain boundary sensitization.

Nonequilbrium solute capture, which was recently found to exist in multiple Cr-containing

alloy systems [40, 41, 107–109] and may extend to other systems as well [110], is a phenome-

non where oxides have unusual combinations of crystallographies and chemical compositions,

far from thermodynamic limits documented in literature such as phase diagrams. Nonequilib-

rium solute capture occurs frequently in early-stage oxidation and corrosion, since the kinetic

conditions for solute capture to occur are met when there are rapidly moving interfaces

(growing oxidation front) or a static interface with a large net flux of atoms across it (rapid
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diffusion). In addition to the kinetic conditions, the thermodynamic conditions require that

the nonequilibrium phase is metastable but has not been provided enough time or driving

force to relax back to the global energy minimum. The kinetic and thermodynamics require-

ments also suggest that although nonequilibrium solute capture is observed in oxidation and

corrosion, it does not exclusively apply to these cases and could be observed in other contexts

as well. With the knowledge of nonequilibrium solute capture, both the crystallography and

chemistry of the oxide are required in order to fully characterize the oxide layers. If only one

of the two was examined, inaccurate conclusions about the initiation and evolution of these

oxides could be drawn. For instance, the CoCrMo alloy used in this study forms protective

oxides during oxidation owing to its high Cr concentration, and numerous studies claim that

the oxide is Cr2O3 [90–92, 111], citing only coarse scale XRD or XPS studies. However, these

results are in fact not indicative of the alloy phases during early-stage oxidation or corrosion

nor are they representative of the whole process taking place.

The other general mechanism that will be covered in this chapter is grain boundary

sensitization. The term sensitization refers to the local reduction of a protective alloying

element, which is typically Cr, resulting in enhanced corrosion susceptibility. For most

Cr-containing alloys, which include stainless steels, Ni-based, and Co-based alloys, it is well-

known that during alloy heat treatments, Cr-rich carbides precipitate at grain boundaries.

As the carbides grow, Cr becomes segregated to the boundaries, leading to the local regions

adjacent to the grain boundaries are depleted of Cr. In addition to the Cr concentration

near grain boundaries, the geometry of the grain boundary lattice can also affect carbide

formation and grain boundary sensitization. Dislocations and lattice defects at the grain

boundaries can act as sinks for solutes, resulting in preferential sites for the breakdown of the

protective oxide films. As shown in the grain-boundary assisted crevice corrosion (GACC)

model, coincident site lattice (CSL) boundaries in CoCrMo alloys inhibit the depletion of Cr

and the formation of carbides, leading to improved corrosion resistance [98, 99]. Furthermore,

the GACC model has also shown that the severity of corrosion, as quantified by the sizes
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of the corrosion crevices, is linked to the grain boundary interfacial energies. High-energy

boundaries are most susceptible to corrosion attack, since there is a large amount of Cr

depletion and sufficient thermodynamic driving force for the removal of the boundary. Which

oxides form at the earliest time and how do they change over time? How is each oxide phase

formed and what mechanism is the rate-limiting step during growth? Do the oxides have

different combinations of crystallographies and chemical compositions in the presence of grain

boundaries? These questions remain unanswered.

In this chapter, I will elucidate that early-stage oxidation behavior of a CoCrMo alloy is

affected by kinetic and thermodynamic factors involving the relative diffusion rate of cations

and oxygen. Furthermore, I will demonstrate that the kinetics and thermodynamics of oxide

growth are influenced by the presence of grain boundaries by characterizing the inward

oxide growth at grain boundaries that result in grooving. The microstructures and chemical

compositions of oxide layers formed at 700 ◦C for 30 min in a CoCrMo alloy are analyzed

with TEM, providing insight into how oxides initiate and evolve in early-stage oxidation, and

two different growth regimes were shown. A duplex layer structure of an outer spinel oxide

layer that could either be Co-rich or Cr-rich and a thin inner Cr-rich corundum oxide layer

was observed. The spinel oxide growth is dominated by cation diffusion, so it grows outward.

The corundum oxide growth is dominated by oxygen diffusion into the metal, resulting in

inward oxide growth. Near the metal-oxide interface, the spinel phase contains a significant

concentration of pores, and Cr dopants exceeding thermodynamically stable compositions.

In addition, the inward growth of corundum oxides at selected grain boundaries is observed,

resulting in kinetic Wulff shapes that were previously observed in corrosion crevices during

grain-boundary assisted crevice corrosion (GACC) in CoCrMo alloys [98, 99]. I will conclude

by drawing some parallels between the grooving at grain boundaries during oxidation to the

corrosion crevices at grain boundaries during electrochemical corrosion and expanding the

scope of the GACC model to include oxidation at grain boundaries.
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3.2 Methods and Materials

3.2.1 Sample Preparation

A wrought low-carbon CoCrMo (Aubert & Duval Corporation) bar was sectioned into

discs with a diameter of 12 mm and height of 7 mm. The alloy composition, in accordance

to ASTM F1537, is given in Table 3.1. One surface of the 12 mm diameter alloy disc was

ground and polished using a semi-automatic Struers MD-Gekko polisher. The alloy samples

were mechanically polished through a sequence of progressively finer sizes of silicon carbide

abrasive papers from 320-grit up to 1200-grit with water lubrication. Next, the polishing was

performed using water-based 3 µm and 1 µm diamond suspensions dispersed on a cloth-based

polishing pad until the alloy surfaces had a mirror finish. The final polished surfaces were

characterized by collaborators at Rush University Medical Center with a Zygo NewView

6300 white light interferometer and the surface roughness values were on the order of Ra ≤

10 nm. The as-received CoCrMo alloys contained grains 3-5 µm in diameter with twinned

microstructure, as verified by SEM imaging prior to oxidation treatments. The polished

samples were oxidized in flowing oxygen at 700 ◦C for 30 min in a Carbolite STF 15/180

tube furnace. The ends of the quartz tube were sealed, and oxygen gas was flowed through

the tube furnace with a pO2 of 0.5 atm.

Table 3.1. Composition of low-carbon CoCrMo alloy in at.%

Co Cr Mo C Ni

Balance 31.1 3.6 < 0.7 < 1.0

3.2.2 Electron Microscopy

SEM characterization was performed on the FEI Quanta 650 SEM operating at an

accelerating voltage of 20 kV. The TEM lamellae samples were lifted out from three separate

grain boundary regions after the deposition of Pt protective layers on the oxidized surface in

a dual-beam FEI Helios Nanolab FIB system. The samples were then thinned using a beam

energy of 30 kV. A final cleaning step was performed at 2 kV to reduce the amorphous layer
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thicknesses in the TEM lamellae. TEM and HAADF imaging were performed on the JEOL

ARM-300F operated at 300 kV and the aberration-corrected JEOL ARM-200CF operated

at 200 kV. The collection angles between 90-220 mrad were used for HAADF imaging. EDS

analysis was performed with Oxford windowless silicon drift detectors on the ARM-200CF

and ARM-300F, and EELS was performed with a Gatan Quantum EELS spectrometer.

3.3 Results

SEM images of the CoCrMo alloys oxidized for 0.5 h show the surface morphology on

different length scales. In Figure 3.1a, the grain boundary network can be observed, with

some grain boundaries and to a certain extent, individual grains, decorated with dark void-like

features, which are likely inward growing oxides. Additionally, the light features distributed

throughout Figure 3.1a resemble the morphology of a cluster of outward growing oxide

particles. On a finer length scale, grains of 3-5 µm in diameter, similar to the microstructure of

the as-received alloy, are clearly visible and the bright oxide nanoparticles are well-distributed

across most of these grains as shown in Figure 3.1b. Many grain boundaries contain similar

dark features that are indicative of an inward growing oxide. Although the inward growing

oxides at the grain boundaries do not appear to be continuous or evenly distributed, there

are two interesting observations to note. Firstly, there is a preferential nature to the amount

of inward growing sites at some grain boundaries and certain other boundaries contain little

to none of the dark features. Secondly, even though the distribution of the oxides along the

grain boundary length is non-uniform, the entire boundary exhibits a darker image contrast

in comparison to the grains. This image contrast can be attributed to the initial stages of

grain boundary grooving as a consequence of the inward growing oxides.

To further clarify the inward and outward growth of oxides, a low magnification ADF

image, as seen in Figure 3.2, shows the uniformity of the outer oxide layer and that multiple

inward growing oxides can be found at selected grain boundaries. Figure 3.3 shows the

typical duplex oxide microstructure on the oxidized CoCrMo surface. The inner layer of the
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Figure 3.1. SEM images of the CoCrMo sample after oxidation. (a) An overall
view shows that selected grain boundaries and grains have darker contrast, in-
dicating inward oxide growth. (b) On the finer scale, bright oxide nanoparticles
are well-distributed across most grains and inward growing oxides are found
mainly at grain boundaries but can also occur at individual grains.

Figure 3.2. An ADF image shows the uniformity of the outer oxide layer and
that multiple inward growing oxides, located on the left side of the image, can
be found at selected grain boundaries.
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oxide consists of primarily polycrystalline corundum structure, and the outer layer consists

of coarse-grained spinel structures. The oxide crystallography was determined by electron

diffraction. From the compositional linescan and EDS mapping shown in Figure 3.4, the

inner corundum oxide layer is confirmed to be Cr-rich and the outer spinel oxide is Cr-

rich near the corundum-spinel interface and becomes more Co-rich near the outer surface

of oxide. The Cr concentrations in the spinel oxides have been observed to exceed the

thermodynamically stable stoichiometry of the cobalt chromium spinel phase (CoCr2O4),

confirming that nonequilibrium solute capture can occur in spinel oxides. There is also Co

in the corundum layer which is not unexpected, as Co is soluble in Cr2O3 and can form a

continuous solid corundum solution Co2−xCrxO3 for x less than ∼4/3. I will return to this

result later in this chapter.

Figure 3.3. Morphology of the duplex microstructure. The outer oxide consists
of spinel oxide islands and the inner oxide is a corundum oxide layer, as verified
by the FFT of the two regions in the oxide. The lower dashed line marks the
metal-oxide interface and the upper dashed line is the approximate location of
the corundum-spinel interface.
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Figure 3.4. HAADF image with a corresponding compositional linescan of the
duplex oxide microstructure. The outer oxide includes (a) a Co3O4 spinel and
(b) a nonstoichiometric (Co1−xCrx)3O4 spinel. The inner oxide is composed of
(c) a Cr-rich corundum layer adjacent to the (d) alloy surface.

Although the duplex oxide microstructure and the constituent oxide phases can be ob-

served throughout the sample, there are deviations at the grain boundaries. At selected

grain boundaries such as the one shown in Figure 3.5a, Cr-rich corundum oxide grows inward

in addition to the polycrystalline corundum layer. In Figure 3.5b, EDS mapping indicates

that the inward growing oxide depletes the Cr from the local region at the metal-oxide in-

terface. At another grain boundary shown in Figure 3.6, the inward growing phase does

not only consist of just the Cr-rich corundum but also includes a Co-rich oxide, that has

rocksalt crystallography. In Figure 3.7, a third case shows that the inward growing Co-rich

rocksalt oxide is surrounded by the Cr-rich corundum layer, and the outward growing oxide

contains corundum as well as the spinel phase. We note that the inward growing oxides are

phase-separated in all of the observed cases.

HAADF images show the atomic-scale details of the duplex oxide structure. Figure 3.8a

is a lower magnification image, with the brighter region (higher mass-density) at the bottom

of the image representing the alloy. Figure 3.8b shows the metal-oxide interfacial region in

more detail, where the corundum layers are adjacent to the metal surfaces. In the corundum

layer, at the metal-oxide interface, there are also isolated spinel oxide inclusions.
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Figure 3.5. Inward growth of Cr-rich corundum oxide at a grain boundary. Cor-
responding EDS mapping indicates that the local region around the corundum
oxide is depleted in Cr.

Figure 3.6. A second case of inward oxide growth. The inward oxide comprises
of both Cr-rich corundum and Co-rich rocksalt.
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Figure 3.7. A third case of inward oxide growth at grain boundaries show that
the inward growing oxide is mostly Co-rich rocksalt and the outward growing
oxide contain a Cr-rich corundum phase along with a Co-rich spinel oxide. (a)
HAADF image shows that outward growing island is phase separated. (b) A
TEM image captures the (c) outer oxide, (d) inner Cr-rich layer, and (e) inward
growing rocksalt. FFTs of the regions depict the corresponding crystallography
in those regions.

The morphology of the oxides provides additional information about the formation of

oxide phases at CoCrMo surfaces. There is a size variation across different grains and

grain boundaries: the spinel oxide phases have coarser grains with sharper facets in certain

grains, while other grains have smaller spinel oxides particles. This is also apparent at

grain boundaries, as certain boundaries actually have enhanced secondary electron contrast,

indicating that there are larger and more faceted outward growing particles. However, the

oxide shows primarily inward island growth at most grain boundaries under a flat corundum

oxide thin film. The inward growing oxides have different morphologies, depending on

whether it is the Cr-rich corundum or the Co-rich rocksalt. The shape of the resulting
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Figure 3.8. HAADF images of the oxide morphology. (a) The interface between
the inner and outer oxide layers contains additional voids, demonstrating the
result of outward cation diffusion and inward oxygen diffusion. (b) Isolated
spinel particles can also found throughout the corundum layer, even near the
metal-oxide interface. The left side of the dash line shows a corundum lattice
spacing, while the right side shows a spinel lattice spacing.

grain boundary groove due to the oxidative attack would also appear to be affected by the

crystallography of the growing oxide. Lastly, there are typically a significant number of pores

at the corundum-spinel interface, demonstrating the bidirectional growth that is occurring

at the original metal surface. While the corundum generally grows inward, cations diffuse

through the corundum layer to form spinel particles, leaving Kirkendall voids at the interface.

For the instances where the rocksalt grows inward, cation diffusion through the oxide is more

prevalent, resulting in an excess of Cr which could either form a combination of corundum

and spinel or a nonstoichiometric spinel in the oxide that grows outward.

3.4 Discussion

The direction of oxide growth corresponds mainly to the species that dominate diffusion.

For instance, inward oxide growth occurs when diffusion is dominated by oxygen diffusion

and outward oxide growth occurs when diffusion is dominated by cation diffusion. For the

intermediate temperature range, it has been established that oxygen diffusion often dominates

the growth of corundum, so it grows inward in most cases. For the spinel phase, there are
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some complexities as there are large spinel nanoparticles that occupy the outer oxide layer and

small inclusions throughout the Cr-rich corundum layer and at the corundum-spinel interface.

From previous experimental studies of Co-Cr spinel formation [112, 113], the reaction is

driven by Co cation diffusion as the diffusivity of Co is well-known to be larger than the

diffusivity of Cr through both corundum and spinel oxides. Additionally, the large particles

grow outwards, demonstrating that cation diffusion dominates spinel growth. The fine spinel

inclusions found in the inner Cr-rich layer and at the corundum-spinel interface are likely the

result of the solid-state reaction between the rocksalt and the corundum phases.

During the initial stages of oxidation similar to the conditions used in this chapter,

corundum Cr2O3 and rocksalt CoO form simultaneously. As a continuous oxide layer builds up,

the oxidation becomes diffusion controlled. It has been shown that in Co-Cr systems that Co

diffuses outward through the rocksalt phase via a vacancy mechanism as oxidation progresses,

resulting in outward growth of the oxide [101]. Meanwhile, the oxygen diffuses in, forming

discrete corundum particles at the metal-oxide interface. At intermediate temperatures,

preferential internal oxidation occurs at grain boundaries, as the higher oxygen and metal

diffusivities at grain boundaries are significant. The corundum particles at the metal-oxide

interface and the grain boundaries would restrict Co cation diffusion, leading to pores forming

at the surface of the corundum phase. This increase in porosity would also further decrease

solid-state diffusion, while promoting the transport of oxygen gas to the inner oxide, which is

composed of discontinuous corundum islands and voids. As oxidation continues to progress,

the fast, inward oxygen transport will oxidize excess Co to form rocksalt, and the corundum

would react with the rocksalt to form spinel oxides, which will restrict further outward cation

diffusion from the metal and inward oxygen diffusion. The outer rocksalt CoO will continue

to evolve as it will oxidize to the spinel Co3O4 phase, which is thermodynamically stable at

700 ◦C [114].

However, Co-Cr systems are still inferior in comparison to Ni-Cr systems due to their low

oxidation resistance [115]. One of the reasons that Co-Cr have lower oxidation resistance is
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that Co cations are significantly more soluble in Cr2O3 than Ni cations are, resulting in a

continuous corundum solid solution Co2−xCrxO3 for x less than ∼4/3 [116] and allowing Co

cations to diffuse through the corundum solid solution [109]. Another reason that Co-Cr have

lower oxidation resistance is that the kinetics of forming the (Co1−xCrx)3O4 spinel are fast,

resulting in a defective porous oxide layer and morphological instabilities in the rocksalt oxide

[113]. While the pores in the oxide limit the availability of sites for solid-state diffusion, they

enable rapid inward oxygen diffusion thereby enhancing oxidation. Additionally, even though

corundum Cr2O3 forms in most Co-Cr oxidation cases, the formation the spinel CoCr2O4

suggests that Cr2O3 is consumed in this reaction. Although the cation diffusivities in the

CoCr2O4 phase is smaller than their diffusivities in Cr2O3, the spinel will form discontinuously

as the available corundum phase at the metal-oxide interface is not a complete layer.

From the results herein, we observe that the addition of Mo can address some of these

shortcomings. First, it has been shown for NiCrMo alloys that Mo substantially promotes

corundum formation in early-stage oxidation [40, 41, 117]. This should extend to CoCrMo

alloys too, as they show significant pitting resistance in comparison to CoCr alloys in different

corrosion environments, suggesting that Mo plays a direct role in the inhibition of corrosion

[118, 119]. As shown in Figure 3.3, the morphology of the inner corundum layer appears

to be continuous, but may contain spinel inclusions, defective regimes, and voids as the

image contrast in the inner oxide layer is not uniform. The EDS mappings shown in Figures

3.5 and 3.6 indicate that the Cr-rich inner oxide forms continuously at the metal surface,

suggesting that the corundum layer formed a uniform layer rather than discrete particles

at the metal-oxide interface. Furthermore, although Figure 3.8b shows that it is possible

to also observe spinel oxides in the inner oxide at the metal-oxide interface, these phases

are well-ordered and provide almost complete coverage at the metal surface, limiting further

oxygen and cation diffusion. This also shows that although Cr2O3 can be consumed in the

formation of spinels, there is still a large amount of corundum remaining in the Cr-rich inner

oxide. While the Mo may improve the blocking effect at the metal-oxide interface, the oxide
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morphology contains a large amount of pores, as shown in Figure 3.8a. The porosity in the

oxide scale appears to form independent of temperature in Co-10Cr alloys [101]. Since this

remains an issue for CoCrMo alloys at moderate temperatures, additional alloying elements

may be needed to form continuous corundum and spinel layers with minimal porosity during

oxidation.

Lastly, we turn to the grain boundary dependent oxide growth as shown in Figure

3.1. Intergranular corrosion in CoCrMo alloys has been shown to occur preferentially, with

randomly oriented high-energy grain boundaries corroding first [95, 98]. In coincident-site

lattice (CSL) boundaries, there is also a hierarchy with respect to corrosion resistance of

individual boundaries, as low-symmetry CSL boundaries have much more severe crevice

corrosion compared to high-symmetry or twin boundaries [99]. This mechanism is known as

the grain-boundary assisted crevice corrosion (GACC) model. Although the GACC model

uses grain boundary interfacial energies as a variable, it also considers the level of Cr depletion

near grain boundaries as a direct result of grain boundary sensitization, which describes the Cr

depletion as Cr diffuses to boundaries to form carbide second phase particles. The boundaries

more prone to corrosive attack are the ones that have significant carbide formations, since

the Cr is depleted, resulting in their inability to form protective oxides.

We argue that a similar effect is taking place when CoCrMo alloys are exposed to an

oxidative environment. As the oxygen diffuses into the alloy initially there is preferential

internal oxidation at the grain boundaries. This is made possible by the Cr migration via the

grain boundaries to the oxidizing surface, as grain boundaries are high diffusivity paths in

metals. As the oxides form at the surfaces above the grain boundaries, the regions immediate

to the boundary becomes depleted in Cr, leading to grain boundary grooving as the amount

of protective corundum formed near the boundary surface is decreased. This may also result

in the likelihood of inward rocksalt formation, which is observed in Figures 3.6 and 3.7, near

the corundum phase formed at the boundary. However, not all inward growing corundum

forms uniformly, and this is likely due to the grain boundary interfacial energy contributions
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to the kinetic effects of oxide growth. For instance, Equation 3.1 demonstrates the velocity

(v) of grain boundary grooving:

v ∝ exp

(
−[∆Goxide + γGBAGB]

RT

)
(3.1)

Where ∆Goxide is the free energy of formation of the oxide, γGB is the interfacial energy of

the grain boundary, and AGB is the area of the grain boundary. As the grain boundary

groove grows, the grain boundary area will decrease and the surface area will increase, so

it is imperative to consider the excess surface free energy and the groove geometry as the

grain boundary interfacial energy is directly related to those values, assuming there is local

equilibrium at the triple junction. As a result, grain boundary groove studies typically use the

dihedral angle of the groove (Ψ) to determine the relative grain boundary energy (γGB/γs):

γGB

γs
= 2 cos

(
Ψ

2

)
(3.2)

Where γs is the excess surface free energy. According to the relationship in Equation 3.2 and

experimental studies of thermal grooving in the literature [120, 121], grain boundaries with

a low relative energy will form grooves with larger dihedral angles. As a result, deep oxide

grooves are likely forming at high-energy grain boundaries. The relationship between grain

boundary energy and oxide groove geometry merits further work.

This demonstrates that the high-energy boundaries would oxidize preferentially and form

Cr2O3 quickly, depleting the surrounding region in Cr thereby exposing it to the formation

of the less protective rocksalt CoO. Consequently, is it more likely for solute capture to

occur at high-energy boundaries due to the chemical inhomogeneities and increased diffusion

kinetics. However, in all cases, the early-stage oxidation behavior shows that the Cr-rich layer

is also able to stabilize above the grain boundary groove. Since the CoCrMo alloy sample

used in this chapter contained fine grains (3-5 µm grain diameter) as seen in Figure 3.2, the

Cr diffusion to the surface region is enhanced due to the large density of grain boundaries,
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and the external Cr2O3 layer can also grow laterally to the grain interior and neighboring

boundaries, eventually providing coverage to the entire surface. A previous study of an

austenitic stainless steel oxidized at 700 ◦C shows that a grain size below 8 µm is necessary to

form a complete Cr-rich layer [122], as intragrain regions will generally form non-protective

spinel oxides in the interior oxide, which can allow additional cations to continue to diffuse

out at a fast rate.

Although the Cr-depletion and inward rocksalt formation were mediated by the high

density of grain boundaries, the reduction of high-energy randomly orientated grain bound-

aries may also play a role in supporting the chemical uniformity of the alloy surface. Grain

boundaries will remain to be preferential sites for oxidation; however, if the kinetics of oxide

formation could be more consistent across individual boundaries, the protective surface oxides

would be uniform morphologically and chemically, resulting in enhanced oxidation resistance.

According to the GACC model, CSL boundaries are effective against corrosion initiation,

which will also allow them to maintain protective surface oxides during long-term corrosion.

Although the true interfacial energies of CSL boundaries are difficult to predict accurately,

general trends between grain boundary misorientation and oxide crystallography and chem-

istry can be related with a combined electron backscatter diffraction and TEM approach,

which was used to develop the GACC model, as shown in Figure 3.9. The surface oxides in

the corrosion crevices of CSL boundaries and high-energy boundaries were neglected in the

GACC model and can certainly lead to additional insights into the oxidation and corrosion

resistance of CoCrMo alloys in a variety of applications.
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Figure 3.9. A multiscale approach, which involves EBSD mapping, TEM imag-
ing, and EDS analysis of grain boundary carbides can be used to understand
the relationship between preferential corrosion, grain boundary misorientation,
and Cr depletion. Adapted from [98].

3.5 Conclusions

Early-stage oxidation of CoCrMo alloys shows that there are several mechanisms that

influence the growth and evolution of oxides at intermediate temperatures. First, the addition

of Mo promotes the formation of corundum, which significantly reduces outward cation

diffusion and inward oxygen diffusion. However, as cation diffusion is restricted through the

corundum, the initially formed rocksalt oxide becomes porous, accelerating inward oxygen

diffusion at the corundum and metal-oxide interface. Next, the interior rocksalt reacts with

the corundum to form spinel at the corundum surface; however, spinel inclusions can also

be found at the metal-oxide interface. The spinels have low cation diffusivities, but contain
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many pores, which lead to further oxidation. Finally, inward oxide growth at the grain

boundaries is promoted by fast oxygen ingress and large outward Cr diffusion. As a result,

corundum oxide particles form preferentially at grain boundaries and are typically inward

growing. The rapid formation of corundum leads to a local depletion of Cr, exposing the

neighboring areas to enhanced oxidative attack and enabling the inward growth of rocksalt

oxides. However, the high density of grain boundaries provide sufficient Cr cations for the

formation of a Cr-rich inner oxide layer and this layer can also grow laterally to the grain

interior (at the surface) and neighboring boundaries, eventually providing coverage to the

entire alloy surface. With more careful studies of the oxidation behaviors of different grain

boundary structures such as low-energy CSL boundaries, it is possible to further optimize

the oxidation performance of CoCrMo alloys and adapt them to many other applications.
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CHAPTER 4

Preferential Interaction Between Hyaluronic Acid and Cr in

Simulated Biological Conditions

In Chapter 3, I showed that nonequilibrium solute capture can occur in the formation

of spinel oxides, especially at high-energy grain boundaries, during the early-stage oxidation

of CoCrMo alloys. Since the formation of nonequilibrium oxides requires both thermody-

namic metastability and sufficiently fast kinetics, solute capture will likely occur in many

cases of high-temperature oxidation and almost all cases of aqueous corrosion [40, 123]. In

addition, extensive experimental results have suggested that nonequilibrium oxides may have

unusual combinations of crystallographies and chemical compositions, requiring both pieces

of information to fully characterize the oxide layers formed during oxidation and corrosion.

In this chapter, I will examine a few different cases of aqueous corrosion in CoCrMo alloys to

compare the crystallography and chemistry of the oxides formed in each case. These insights

can establish additional degradation mechanisms to understand the electrochemical behavior

of CoCrMo in biomedical applications.

CoCrMo alloys have been heavily used in orthopedic prosthesis such total as hip replace-

ments since they have a good combination of corrosion resistance, wear resistance, high tensile

and fatigue strength, and high biocompatibility. However, these alloys are still susceptible

to wear and corrosion in vivo. As a result, metallic nanoparticles and ions are released from

the implant material [124, 125] and can lead to many complications, including inflammation

[126–128], aseptic implant loosening [129, 130], and metal accumulation in organs distant

from the implant [131]. There have been significant efforts to study the electrochemical

behaviors of CoCrMo surfaces in different simulated biological environments by varying the

applied electrochemical potential [90–93, 118, 132–138]. Other studies focused on the tri-

bological behavior by characterizing friction, wear, and tribolayer formation on the alloy

surfaces in biological lubricants such as simulated synovial fluids [139–142]. Additionally,
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several studies incorporated electrochemical measurements into macroscopic tribological tests

to understand tribocorrosion mechanisms and synergistic interactions between corrosion and

wear in CoCrMo alloys [17, 18, 143–146]. As discussed last chapter, the morphology, chem-

istry, as well as protectiveness of oxide scales vary dramatically depending on the oxidative

conditions used. Similarly, the formation of oxide films on CoCrMo surfaces is very sensitive

to the simulated biological conditions, so each of these test protocols would have complex

effects on the properties of the oxide and influence the degree of ion release from the alloy.

This chapter will focus on the oxide layers on CoCrMo alloys that are corroded in simu-

lated synovial fluids. Recent efforts to establish the electrochemical behavior of CoCrMo in

a model synovial fluid has shown that hyaluronic acid (HA), which is a viscoelastic macro-

molecule that plays an important role in the lubricious properties of synovial fluid [147],

modifies the passive oxide film and lowers the corrosion resistance of the alloy [48, 148].

TEM characterizations of the oxide layers revealed that samples corroded in HA exhibited

mostly rocksalt crystallography and are almost completely depleted in Cr, suggesting that

the Cr interacted with HA to form complexes disrupting the formation of a passive Cr2O3

layer. However, the addition of proteins results in a significantly lower anodic current and

higher corrosion resistance, demonstrating that proteins can compensate for the preferential

interaction between HA and Cr during corrosion in model synovial fluids. The work is in

this chapter was done in collaboration with Dr. Simona Radice, Dr. Michel Laurent, and

Dr. Markus Wimmer at the Department of Orthopedic Surgery, Rush University Medical

Center.

The structure of this chapter is as follows. First, I will provide a brief background on

some commonly used protocols to study corrosion, tribology, and tribocorrosion in CoCrMo

alloys. I will also review some general mechanisms describe the corrosion and tribocorrosion

in albumin proteins and HA, which are important components of synovial fluid. Next, I will

show the TEM results indicating that the oxide layer in CoCrMo corroded in HA contains

mostly Co, suggesting the weakening and eventual dissolution of Cr2O3 can be related to
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the preferential interaction of HA and Cr and the precipitation of Cr organic complexes.

This result will then be correlated to the oxides formed in early-stage aqueous corrosion of

CoCrMo in a Cl−-containing electrolyte, indicating similar structures but different kinetics

taking place in the two cases. Lastly, some preliminary electrochemical data will be shown

to indicate that the presence of proteins in the synovial fluid can significantly decrease the

anodic currents on the macroscopic level, suggesting that proteins can possibly compensate

for interaction between HA and Cr and preventing the accelerated corrosion as observed in

similar tests without proteins.

4.1 Corrosion, Tribology and Tribocorrosion in CoCrMo Alloys

The elucidation of electrochemical reactions and the structure and chemistry of the surface

oxide layers are critical to understand the interactions between the CoCrMo implant and

the biological environment. The electrochemical behavior of CoCrMo alloys in simulated

physiological solutions have been extensively studied in the literature, with most studies

focusing on simple saline solution [91, 132], simulated physiological fluid with various salts

[91], Hank’s solutions [90, 92, 118], and phosphate buffered saline (PBS) solution [93, 135,

136]. In almost all of these studies, electrochemical techniques such as potentiodynamic and

potentiostatic polarization, cyclic voltammetry, and electrochemical impedance spectroscopy

were used to measure the electrochemical behavior of the alloy in passive and transpassive

states. Additionally, ex situ surface analysis such as XPS, Auger electron microscopy [90–92,

94, 137, 138], or Raman spectroscopy [134] were carried out to characterize the structures

and compositions of the oxide films on the alloy surface. Although local chemical and

crystallographic information of oxide films are lacking in these studies, general trends of how

inorganic ions, proteins, and biomolecules influence the passive film and the electrochemical

behavior of CoCrMo can be elucidated.

Since synovial fluid is the natural biological environment for a CoCrMo joint implant,

the electrochemical behavior of CoCrMo surfaces in simulated synovial fluids is important.



63

Some studies have focused on the role of albumin [132, 133, 136, 149–151], which is the

most abundant protein in the synovial fluid, and how it interacts with the metal and the

metal oxide. While albumin can form thick adsorption biofilms which can impart enhanced

corrosion resistance, the proteins may not always form a complete adsorption layer and can

also modify the chemical composition of the passive oxides and the kinetics of cathodic and

anodic reactions taking place [94]. In fact, it has been shown that in certain conditions

proteins can have an initial beneficial effect, and then transition to a detrimental effect by

accelerating corrosion [152]. In long term corrosion studies, proteins can weaken metal-

oxide bonds as they form complexes with metals. Although typically a slow process, direct

protein interactions with metals can be rapid when the passive oxide is defective or damaged

under mechanical loading conditions, resulting in non-protective surface oxides and enhanced

localized corrosion [153]. The schematics of such processes are shown in Figure 4.1. There

are significantly fewer studies on the electrochemical effect of HA [133, 148, 154, 155] and

the interactions between HA and proteins and their effect on electrochemical properties has

only been explored very recently [48].

As CoCrMo implants undergo mechanical wear, their tribological and tribocorrosion

behaviors have been widely investigated [17, 18, 143, 144, 146]. Typical lubricants chosen

for these experiments contain a combination of phosphate saline solutions and bovine serum

to simulate the inorganic salt and protein content of physiological synovial fluid. Due to the

lubricious nature of HA [147], it is often added to the model fluids during tribological testing

to understand how it enhances the formation of a tribolayer and modifies the rheological

properties of the fluids [3, 139, 156]. However, the combinations of wear and corrosion

mechanisms can lead to a very complex environment near the contact zone of sliding surfaces.

For instance, fretting wear can induce cracking in thin passive oxide layers, exposing the metal

surface directly to the electrolyte. This can be reduced by proteinaceous tribofilms, which are

generated as a result of tribochemical reactions [17, 18], as they can form a barrier to protect

the oxide film and also lubricate the hip joint bearing surfaces and improve the overall wear
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Figure 4.1. Schematic illustration of the effect of proteins on material degra-
dation over time. Although proteins can reduce corrosion initially, they may
cause pits or pinholes to form in the oxide layer and cause increased corrosion.
The complexation effect shows that metal can form complexes with proteins
and can result in increased corrosion/dissolution rates. Adapted from [153].

resistance. Lastly, Mo may further assist in the deposition of a tribofilm during CoCrMo

tribocorrosion. Recent findings suggest that Mo6+ ions can enhance the protective tribofilm

formation by interacting with proteins in the physiological medium to form a protein-rich

film on metallic surfaces [157]. This finding combined with the fact the Mo can promote

corundum formation in the passive oxide layer in Cr-containing alloys [40, 41, 117, 158] may

explain the overall enhanced tribocorrosion resistance of CoCrMo alloys relative to CoCr

alloys.

4.2 Methods and Materials

4.2.1 Alloy Preparation

The preparation of CoCrMo discs for corrosion treatment follows the same procedures as

described previously in Section 3.2.1.
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4.2.2 Corrosion in Model Synovial Fluid

In order to investigate the interactions of CoCrMo alloys with hyaluronic acid (HA) and

bovine serum albumin (BSA), which are constituents in human synovial fluid, they were

added to a cell culture medium (RPMI-1640) base solution to form electrolyte solutions that

were tested in a three-electrode electrochemical cell that was connected to a Gamry Series G

750 Potentiostat. Details of the electrochemical test set-up can be found in Section 2.1.2.

The electrochemical test protocols used in this chapter follow these steps: (1) initial open

circuit potential (OCP) for 1-3 h, (2) potentionstatic electrochemical impedance spectroscopy

from 50 kHz to 0.005 Hz with 10 mV vs. the open circuit potential, (3) cathodic polarization

with forward and reverse scan between -0.1 V (OCP) to -1 V (vs. Ag/AgCl) with a scan rate

of 2 mV/s, (4) open circuit stabilization for 1 h, and (5) anodic polarization with forward

and reverse scan between -0.1 V (OCP) to +1.3 V (vs. Ag/AgCl) with a scan rate of 2 mV/s.

More details about the rationale of electrochemical protocol can be found in [48].

4.2.3 Aqueous Corrosion

Details of the preparation of TEM samples from CoCrMo discs and aqueous corrosion

can be found in Section 2.1.

4.2.4 Electron Microscopy

SEM and TEM characterization follow the same procedures as described previously in

Section 3.2.2.

4.3 Results

In Figure 4.2, there appears to be a thick organometallic film after corrosion in electrolyte

solutions containing RPMI + BSA + HA, as the film has not completely delaminated from

the surface. The edges around the RPMI + HA (no protein) sample also showed the presence

of a thick film as thick green flakes are distributed along the circumference of the alloy surface.

TEM analysis of the oxide layers in the RPMI + HA sample shows that the oxide islands
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Figure 4.2. CoCrMo discs corroded in RPMI + HA and RPMI + BSA + HA
electrolytes indicate the presence of films with different thicknesses.

are polycrystalline and have rocksalt crystallography, see Figure 4.3. In Figure 4.4, HAADF

imaging and a corresponding EDS linescan verified that the rocksalt oxide contains almost no

Cr, with the exception of minor Cr content near the metal-oxide interface. The observation

supports the formation of organometallic precipitates that contain a high concentration of

Co and Cr, as discussed by Radice et al. [48]

The early-stage aqueous corrosion of a CoCrMo alloy in Cl− solutions indicated that the

oxide also has a rocksalt structure, as shown in Figure 4.5. This result compares well to the

oxides found in the CoCrMo corroded in the model synovial fluids containing HA. This is not

surprising as an analysis of the base electrolyte solution indicates that there is about around

0.11 M of Cl−, which is a similar concentration to the electrolyte used for aqueous corrosion

albeit with different pHs. However, Radice et al. [48] has also shown that the local pH near

the alloy surface drops during the electrochemical tests, supporting that oxides formed on

CoCrMo alloys corroding in the model synovial fluids in this chapter can be modelled with

the aqueous corrosion in a simple Cl−-containing solution. Although the oxide structures of

the two cases are similar, the chemical compositions have very different results. In Figure 4.6,

the rocksalt oxide layer contains a significant amount of Cr, indicating that nonequilibrium
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Figure 4.3. TEM analysis of the oxide layers in the RPMI + HA sample shows
that the oxide islands are polycrystalline and have rocksalt crystallography.

Figure 4.4. HAADF imaging and a corresponding EDS linescan verified that
the thin rocksalt oxide contains almost no Cr, with the exception of minor Cr
content near the metal-oxide interface.

solute capture has occurred during oxide formation. As the thermodynamic solubility of Cr

in rocksalt CoO is about ∼1 at.% [159], the rocksalt oxide shown in Figure 4.6 is metastable.
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Figure 4.5. (a) The early-stage aqueous corrosion of a NiCrMo alloy show rock-
salt oxides forming epitaxially on the metal. Adapted from [160] (b) Similarly,
a CoCrMo alloy corroded in Cl−-containing solutions has mostly rocksalt oxide
islands.

Figure 4.6. The EDS linescan of the oxide layer formed during aqueous corro-
sion indicated that the oxide composition contains a significant amount of Cr,
confirming that nonequilibrium solute capture occurred during oxide formation.
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4.4 Work in Progress

Since the cations can form organometallic compounds with HA and albumin proteins,

Cr depletion in the oxides can be accounted for. However, HA has been shown to reduce

the corrosion resistance of the alloy in the literature, so a current collaboration is underway

to clarify the role of HA in CoCrMo corrosion in simulated synovial fluids. To isolate the

effect of HA and avoid the formation of organometallic compounds, an electrolyte solution

that consists of only Dulbecco’s phosphate buffered saline (DPBS) and HA was tested. The

electrochemical protocol is also modified accordingly to include potentiodynamic polarization,

which is used to characterize the alloy behavior in this electrolyte, and potentiostatic anodic

polarization at +0.7 V, which is used to observe the corrosion current in the transpassive

domain. As shown in Figure 4.7, the CoCrMo alloy immersed in DPBS + HA has a transition

to the transpassive domain at around +0.6 V. For the other two electrolyte solutions, which

are DPBS and DPBS + NCS + HA, the alloy remains in the passive domain throughout the

potentiodynamic scan. This is further supported by the potentiostatic polarization, which

shows that the current continues to increase in the DPBS + HA solution, while there is

practically no current with the other two solutions, as seen in Figure 4.8. This suggests that

the alloy remains in the passive state in those cases.

The electrochemical measurements indicate that the solutions containing HA fared much

worse compared to solutions containing DPBS only. Furthermore, the addition of proteins

significantly improved the corrosion resistance, suggesting that proteins can compensate for

the preferential interaction between HA and Cr and prevent the dissolution of the protective

oxide layer. Since phosphate ions and proteins are known to contribute to the electrochemi-

cal behavior of CoCrMo even in small concentrations, characterization of the oxide film is

necessary to elucidate the effects of each electrolyte component on alloy passivation. Prelim-

inary TEM observations of the oxide layers in a CoCrMo sample immersed in DPBS + HA

indicate that the oxide is porous and has mainly rocksalt crystallography, as seen in Figure

4.9. Additional TEM studies can elucidate the oxides on the samples tested without HA and
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Figure 4.7. Potentiodynamic scans from -0.9 V to 0.9 V (vs. Ag/AgCl) on
CoCrMo alloy samples immersed in three different model synovial fluids con-
taining different combinations of Dulbecco’s phosphate buffered saline (DPBS),
newborn calf serum (BCS) protein, and HA. Without proteins, the presence of
HA significantly decreases the corrosion resistance of CoCrMo. Adapted from
[161].

Figure 4.8. (a) Potentiostatic anodic polarization at +0.7 V (vs. Ag/AgCl)
for 1 hour indicates that current increases significantly in the DPBS + HA
solution, while there is practically no current in the other solutions, suggesting
that the alloy remains in the passive state in those cases. (b) The dotted area
in (a) is magnified to show the respective current densities in the DPBS and
DPBS + NCS + HA solutions.

with additional proteins in order to determine the whether the oxides in those cases form

a complete Cr2O3 passive layer. These results will provide additional insights into how HA

modifies passive oxide layer and the role it plays in tribocorrosive conditions. These results

will be left for a future publication.
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Figure 4.9. TEM reveals that the oxide formed on a CoCrMo sample immersed
in DPBS + HA is porous and has mainly rocksalt crystallography.

4.5 Conclusions

The crystallography and chemistry of oxides formed during the corrosion of a CoCrMo alloy

in simulated synovial fluids containing albumin proteins and hyaluronic acid were studied by

nanoscale characterization. High-resolution TEM and EDS compositional linescans enabled

the characterization and comparison of oxide films formed during corrosion in biological

fluids and in a Cl−-containing electrolyte. The results of this chapter indicated that the

presence of hyaluronic acid alter the reactions involved in the growth of a protective oxide

film, confirming previous electrochemical results for electrolytes containing hyaluronic acid

that showed lower corrosion resistance and higher anodic currents. Although the oxides

formed during corrosion in model synovial fluids and the Cl− electrolyte both have rocksalt

crystallography, the oxides on the CoCrMo alloys corroded in model synovial fluids do not

contain solute capture, suggesting a secondary mechanism is dominant. Hyaluronic acid

can form complexes during anodization in the presence of albumin proteins, resulting in Cr

depletion and non-protective oxide islands on the alloy surface. Preliminary results from
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a separate electrochemical study without albumin proteins confirmed that hyaluronic acid

forms metal complexes with Cr and inhibits the formation of passive oxide films, resulting in

significantly reduced corrosion resistance of the CoCrMo alloy. Based on these results, it is

important to establish not only the electrochemical behavior of CoCrMo alloys in simulated

synovial fluids that contain hyaluronic acid, but also the morphology and chemistry of the

passive oxide layer in the presence of hyaluronic acid molecules to fully elucidate the role of

hyaluronic acid in the dissolution of CoCrMo alloys.
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CHAPTER 5

Thermodynamics of the Formation of Nonstoichiometric

Spinel Oxides

When an alloy is undergoing oxidation and corrosion, a number of oxide phases with

varying chemical compositions can form. In the classic Wagner theory, cations, anions, and

ionic defects are assumed to be in local equilibrium at interfaces and throughout the bulk

oxide, with a quasi steady-state diffusion of charged species across the oxide that drives the

metal oxidation [162]. It is commonly assumed that the most thermodynamically stable oxide

phases indicated in phase diagrams [163, 164] or Pourbaix diagrams [22] will form. This

assumption generally holds for slow-growing and thick oxide films; however, it has been shown

that a metastable oxide [165–168] or hydroxide [160, 169] can form in early-stage oxidation

or corrosion when the film is very thin, resulting in a departure from local equilibrium

conditions. Nonequilibrium solute capture (see Chapter 3), which is a phenomenon where

metastable oxides have unusual combinations of crystal structures and chemical compositions

that deviate from thermodynamic limits, has been extensively studied experimentally in

multiple Cr-containing alloy systems [40, 41, 108, 109]. For CoCrMo alloys, I have shown

that defective corundum and spinel oxide phases can form during early-stage oxidation. In

all observed cases of solute capture, there are either rapidly moving interfaces or a large net

flux across a static interface, indicating that a kinetic condition is required in additional

to a thermodynamic condition for solute capture to occur. While the kinetic condition is

the critical parameter, a thermodynamic assessment of nonstoichiometric oxide phases can

determine whether such phases can be in a metastable state and elucidate whether solute

capture can occur [123].

This chapter will focus on the thermodynamic conditions for solute capture in Ni-Cr spinel

oxides, which are commonly observed in high-temperature oxidation of Ni-Cr alloys [162,

166, 170–173], with DFT calculations to determine whether nonstoichiometric spinels can be
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formed. The structure of this chapter is as follows. First, I will review the general background

of the spinel oxides, their relevance in oxidation applications, and the thermodynamics and

kinetics of forming them. Next, I will describe some of the complexities of the electronic and

magnetic structures of spinels and how they are treated in the DFT calculations. Following

that, I will demonstrate that the stoichiometry of the Ni-Cr spinel oxide can extend beyond

the thermodynamically stable NiCr2O4, as DFT calculated formation energies of the non-

stoichiometric spinels are compared to calculated energies of rocksalt and corundum phases.

The DFT results are mapped onto a plot that shows the formation energy versus the metal

cation composition, and the convex hull, which connects the lowest energy structures, can be

used to compare the relative thermodynamic stability of each calculated oxide phase. Lastly,

a few possible experiments to validate whether nonstoichiometric Ni-Cr spinel oxides can

form will be discussed at the end of the chapter.

5.1 Background on Spinel Oxides

Spinel oxides are commonly obtained in oxidation experiments of binary and multi-

component alloys and can act as a protective scale in addition to corundum oxide. Recent

studies have attempted to use a spinel-based coating to protect alloys from oxidation [174,

175]. Spinels have a cubic crystal structure (Fd3m, space group 227) and the conventional

unit cell consists of 8 face-centered cubic (fcc) cells with the oxygen anions occupying the

fcc lattice points. Of the available tetrahedral sites (interstitial sites formed by 4 oxygen

anions) and octahedral sites (interstitial formed by 6 oxygen anions) in the unit cell, there

are 8 tetrahedral sites and 16 octahedral sites that are occupied by the cations. In a normal

spinel oxide structure, divalent A cations occupy the tetrahedral sites and trivalent B cations

occupy the octahedral sites, confirming that the stoichiometry of a normal spinel is AB2O4.

However, there is also the inverse spinel structure, in which half of the trivalent B cations

occupy the tetrahedral sites and the other half of B with all the divalent A cations occupy the

octahedral sites [176]. The normal spinel and inverse spinel structures are shown in Figure
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5.1 Correspondingly, the inverse spinels will have slightly different stoichiometries as they

are typically written as B2AO4 or B[AB]O4 to denote which cations occupy which sites. I

will return to the electronic structures of spinels later in the chapter.

Figure 5.1. Crystal structures of a normal spinel and a inverse spinel. A atoms
are in gray, B atoms are in green, and oxygen atoms are in red. Adapted from
[177].

Spinel oxides are commonly observed in high-temperature oxidation of Ni-Cr and Co-Cr

alloys [101, 103, 104, 162, 166, 170–173, 178], although they can also exist in early-stage

oxidation at intermediate temperatures [179]. It has been shown the chromite spinels such

as NiCr2O4 and CoCr2O4 have lower cation diffusivities compared to Cr2O3; however, the

published diffusion coefficients can be somewhat unreliable as the measurements can differ

by orders of magnitude [112]. Additionally, the protective nature of spinel oxides can also

be questionable due to their porosity, which can be significant if the spinel oxide was formed

rapidly [101, 180]. Solid-state reaction experiments between single crystal NiO and CoO with

Cr2O3 powder have revealed differences in the formation of NiCr2O4 and CoCr2O4. In the case

of NiCr2O4, it has been showed that the receding surface of the NiO is morphologically stable.

On the contrary, the CoO receding surface is morphologically unstable during the formation of

CoCr2O4, suggesting that the Co cation diffusion across the spinel oxide is significantly more

rapid [113]. Other studies, which used inert diffusion markers, have confirmed that NiCr2O4
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forms via the counterdiffusion of Ni and Cr cations through the spinel (originally proposed by

Wagner [181]), while demonstrating that CoCr2O4 forms via the unidirectional diffusion of Co

cations and O anions through the spinel [182, 183]. Diffusion marker experiments have also

shown that the mechanism for NiCr2O4 and CoCr2O4 formation can differ greatly depending

on the porosity of the reacting oxide phases [112]. For instance, the rate of NiCr2O4 formation

from dense, crack-free NiO and Cr2O3 phases are orders of magnitude smaller than when the

reaction is carried out with porous oxides, as the mechanism is controlled by vapor-phase

transport of oxygen through the pores. However, as the early-stage oxides formed in oxidation

reactions can be porous, this suggests that the kinetic condition for nonequilibrium solute

capture is often met as rapid diffusion can lead to the formation of nonstoichiometric spinels.

Lastly, I will turn to the thermodynamic conditions for forming chromite spinels. There is

a large amount of thermodynamic assessments of the enthalpy of formation of chromite spinels

based on high-temperature equilibrium data [184–188]; however, these values tend to have a

large scatter for NiCr2O4, with the standard enthalpy of formation (∆H◦
f ) values deviating

by 50-70 kJ/mol (∼ ±5%) [189]. This disparity is largely unexplained and often attributed to

different measurement methods, which typically use electromotive force (e.m.f.) measurements

with a solid-oxide electrolyte or equilibrium constant measurements at high temperatures to

determine the activities of oxides [190, 191]. Furthermore, thermodynamic modelling for spinel

has often been difficult owing to the nonstoichiometric nature of spinel oxides. For instance,

the phase diagram for the CoO-Cr2O3 system indicates that a nonstoichiometric spinel phase

(Co1−xCrx)3O4 is thermodynamically stable for x ≤ 2/3 [159]. Although NiCr2O4 is known

thermodynamically as a line compound (fixed stoichiometry) [190, 191], I am interested in

examining if nonstoichiometric Ni-Cr spinel oxides can be metastable. Given that the kinetic

conditions for solute capture is probably met, the thermodynamic condition can determine

whether solute capture is possible in Ni-Cr spinels.
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5.2 DFT Methods

DFT allows for the calculations of the structure, thermodynamic stability, and electronic

properties of nonstoichiometric spinel oxides that do not have any existing experimental data.

However, the electronic and magnetic structures of spinels need to be considered in order to

compute their formation energies with appropriate accuracy. As introduced in the beginning

of the chapter, inverse spinel oxides can further introduce complexities to the electronic

structures of these oxides. Additionally, a spinel can also have a defective structure, where

the divalent or trivalent cations randomly occupy the tetrahedral and octahedral sites. Since

certain cations have distinct preferences for tetrahedral or octahedral sites, the crystal field

stabilization energy (CFSE) of each cation can be used to determine the preferred cation

distribution across the interstitial sites. As NiCr2O4 contains transition metals with 3d

electrons, the Ni and Cr both prefer to be in high-spin states, as O2− is a rather weak-field

ligand. However, chromite spinels are typically normal spinels as Cr3+ has a much stronger

preference for the octahedral site than Ni2+ does, so it is more energetically favorable for Cr3+

to occupy the octahedral sites. In reality, it has been shown that numerous valence states

can exist in oxidation and corrosion [40] and sometimes cations can oxidize one another [123],

so I will assume the DFT calculations will find the most energetically favorable structure.

Magnetism in spinel oxides also cannot be neglected. Depending on the cation distribu-

tions of the spinels, they can be ferromagnetic, antiferromagnetic, or even ferrimagnetic in

the case of inverse spinels. For NiCr2O4, which is an antiferromagnetic normal spinel, the

number of spins in the Ni2+ high-spin states and the number of spins in the Cr3+ high-spin

states are equivalent. While there are several previous DFT results for NiCr2O4, it is unclear

whether a complete search over spin states was performed, so incorrect conclusions may be

reached as certain spin states are only the local minima. Based upon a search shown in a

recent study [123], the antiferromagnetic unit cell belongs to the space group Imm2, with

DFT lattice parameters of 6.03 × 6.03 × 8.53 Å.
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DFT calculations in this chapter were performed with the all-electron augmented plane

wave + local orbitals (APW+lo) WIEN2K code [83, 84] for spinel structures of varying Ni

and Cr compositions. The spin-polarized calculations used the PBE functional exchange-

correlation potential [85], a hybrid fraction of 0.25 for the 3d electrons using the on-site hybrid

approach [80–82], a RKmax of 6.5 and a k-point mesh of 5×5×5, with atomic positions and

densities converged with a parallel fixed-point algorithm [86]. All structures were fully relaxed,

and the lattice parameters were optimized as a function of the volume while maintaining

the same space group. As a secondary check, the treatment of transition metal oxides was

compared to experimental thermodynamic data such as the heats of formation for NiO and

Cr2O3, and the difference is smaller than the intrinsic errors in typical DFT calculations.

The bond-valence sums (BVS) of the ions in the unit cell were analyzed in addition

to the formation energies, optimized structures, and density of states, bond-valence sums

(BVS) were analyzed. BVS provides a simple way to characterize the structural stability

with respect to the coordination and bonding for atoms in an ionic compound [87–89]. The

BVS can also be used to interpret the valence of the metal ions in these oxides, which can

be complex as many transition metals are multivalent and can exhibit multiple valences in a

single compound during oxidation and corrosion.

5.3 Results and Discussion

For all structures ranging from pure Ni spinel (Ni3O4) to pure Cr spinel (Cr3O4), the Ni

and Cr cations are in the high-spin states, suggesting that the most thermodynamically stable

structures were found for each composition. The CIFs for the DFT relaxed structures for

each composition are listed in the Appendix. As shown previously [123], the DFT calculated

formation energy for NiCr2O4 is compared to the existing thermodynamic data with good

agreement, with the DFT values only about 10 kJ/mol higher. The free entropy of mixing

in NiO and Cr2O3 reactants was also considered, but since this value is only a few kJ/mol it

is neglected in this assessment. Full values of the energies at both STP and 1000 K with 1
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atm of oxygen are summarized in Table 5.1 and shown in Figures 5.2 and 5.3. All calculated

structures, with the exception of Ni3Cr3O8, lie near the convex hull constrained to the spinel

structure.

The results are compared to previous DFT calculations of nonstoichiometric oxides that

can exist in oxidation and corrosion contexts [123], shown in Figure 5.4. Specifically, these

four cases are considered for this assessment:

(1) Ni2+ and Cr3+ in the rocksalt structure with half a Ni2+ vacancy per Cr3+ to preserve

valence neutrality;

(2) Ni2+ and Cr3+ in the corundum structure with 1.5 Ni2+ per Cr3+ removed to preserve

valence neutrality;

(3) Ni2+ and Cr3+ in the corundum structure with site substitution;

(4) Ni2+ and Cr3+ in the rocksalt structure with site substitution.

Sherman et al. suggested that there are metastable compositions across the entire compo-

sitional range of Ni and Cr concentrations for both rocksalt and corundum crystallographies

[123]. To expand on that conclusion, spinels can also form metastable structures across

the entire compositional range too, as all of the calculate structures have energies that are

significantly lower than that of the alloy composition. The energies are normalized by metal

atoms and oxygen atoms to demonstrate the dominant diffusing species for each case. For the

limit that cation vacancy diffusion is dominant, and the metal-oxide interface is static, growth

is occurring at the outer surface and the thermodynamic driving force is the energy change

per metal atom. On the other hand, when anion diffusion is dominant and the outer oxide

surface is static, growth is occurring at the metal-oxide interface and the thermodynamic

driving force is the energy change per oxygen atom.

By direct comparison, the convex-hull for the energy of formation normalized by metal

atoms (Gf/M) across all crystallographies, shown in Figure 5.4, follows a different shape

that than the constrained convex-hull shown in Figure 5.3a for the same conditions. The
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(a)

(b)

Figure 5.2. Plots of the free energy of formation of different spinel oxides with
varying amounts of Ni and Cr at STP. Individual points indicate the DFT
energies shown in Table 5.1 and the dotted line represents in the convex hull
constrained to the spinel structure. The energies shown are (a) normalized per
metal atom and (b) normalized per oxygen atom, in order to demonstrate the
dominant diffusing species for each case.



81

(a)

(b)

Figure 5.3. Plots of the free energy of formation of different spinel oxides with
varying amounts of Ni and Cr at 1000 K and 1 atm of oxygen. Individual points
indicate the DFT energies shown in Table 5.1 and the dotted line represents
in the convex hull constrained to the spinel structure. The energies shown are
(a) normalized per metal atom and (b) normalized per oxygen atom, in order
to demonstrate the dominant diffusing species for each case.
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Table 5.1. DFT energies normalized by metal atoms and oxygen atoms are
shown for each spinel oxide at STP and 1000 K.

Compound Cr fraction Gf/M (STP) Gf/O (STP) Gf/M (1000 K) Gf/O (1000 K)

Ni3O4 0.000 -241.8 -181.3 -152.3 -114.2
Ni5CrO8 0.167 -300.7 -225.5 -211.2 -158.4
Ni2CrO4 0.333 -355.5 -266.6 -266.0 -199.5
Ni3Cr3O8 0.500 -361.9 -271.4 -272.4 -204.3
NiCr2O4 0.667 -457.6 -339.6 -363.4 -272.5
Ni3Cr9O16 0.750 -452.9 -343.2 -368.1 -276.1
NiCr5O8 0.833 -462.1 -346.6 -372.6 -279.4
NiCr11O16 0.917 -467.1 -350.3 -377.6 -283.2
Cr3O4 1.000 -470.4 -352.8 -380.9 -285.7

Figure 5.4. The free energies of various crystallographic phases with varying
amounts of Ni and Cr at 1000 K and 1 atm of oxygen. Individual points
indicate the DFT energies and the dotted line represents in the convex hull.
The energies shown are (a) normalized per metal atom and (b) normalized per
oxygen atom, in order to demonstrate the dominant diffusing species for each
case. Adapted from [123].

Ni-rich side of the thermodynamically stable NiCr2O4 follows a similar trajectory, but the

Cr-rich side plateaus and has a much flatter slope for the energies normalized by metal

atoms. This suggests that when cation diffusion is the dominant in the oxide growth, the

nonstoichiometric spinels rich in Ni are energetically more favorable than structures that are
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rich in Cr. It is possible that nonstoichiometric spinels can be slightly richer in Cr; however,

as the Cr fraction exceeds 0.66 the Cr-rich corundum phase dominates, up to Cr2O3 which is

about 80 kJ/mol per metal atom lower in energy than Cr3O4. The comparison between the

oxygen diffusion case is slightly different. Both energy of formation normalized by oxygen

atoms (Gf/O) convex-hulls in Figures 5.3b and 5.4 have a change in slope at 0.66 Cr fraction

(NiCr2O4); however, since the spinel end members are higher in energy compared to their

rocksalt and corundum counterparts, it is unlikely for a nonstoichiometric spinel to form in

the high Ni or high Cr regimes when oxygen diffusion is dominant. In fact, the entire Ni-rich

side of the thermodynamically stable NiCr2O4 is dominated by rocksalt structures with Ni2+

and Cr3+, as their energies are 30-70 kJ/mol per oxygen atom lower than the spinels across

those compositions. When the Cr fraction exceeds NiCr2O4, the nonstoichiometric spinel

structures are thermodynamically favorable up until when the Cr fractions reaches around

0.9. This suggests that if oxygen diffusion was dominant, the most of the nonstoichiometric

spinel compositions that are rich in Cr are metastable and can possibly be observed.

Figure 5.5. Density of states for NiCr2O4, showing the Ni and Cr 3d states
and the O 2p states. Up spins are above the x axis and down spins are below.

As a final confirmation that these structures are well-ordered, their densities of states

and BVS are analyzed. Only the end members in the constrained convex hull and the
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stoichiometric spinel NiCr2O4 (Figure 5.5) were considered in this analysis, as the rest of the

structures are expected to behave similarly to one of the three cases (insulator, semiconductor,

or metallic). For the Ni3O4 structure, the density of states indicate that it is metallic, as

shown in Figure 5.6. BVS analysis for Ni3O4 suggests that Ni3+ can oxidize Cr3+ to Cr4+ to

reduce the energy of the system, as Ni3+ is thermodynamically unfavorable. As there is no

Cr in Ni3O4 to lower the energy of the structure, the Ni2+ cations are all oxidized to varying

degrees as shown in the BVS values for Ni3O4 in Table 5.2. In addition it has also been

shown previously that Ni can act as p-type dopant in spinel oxides [192], so a large quantity

of Ni would result in metallic behavior. The density of states of Cr3O4, shown in Figure

5.7, correspond to a classic semiconductor with a band gap of 1.5 eV, with the valence band

defined primarily by Cr2+ states and the conduction band defined by Cr3+ states. As Cr3+

strongly prefers the octahedral interstitial sites in the spinel structure, the tetrahedral sites

are occupied by Cr2+ as verified by BVS values for Cr3O4 in Table 5.2.

Figure 5.6. Density of states for Ni3O4, showing the Ni 3d states and the O 2p
states. Up spins are above the x axis and down spins are below.
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Figure 5.7. Density of states for Cr3O4, showing the Cr 3d states and the O
2p states. Up spins are above the x axis and down spins are below.

Table 5.2. BVS for Ni, Cr, and O ions in NiCr2O4, Ni3O4, and Cr3O4. Td
denotes tetrahedral sites and Oh denotes octahedral sites.

NiCr2O4 Ni3O4 Cr3O4

ion BVS ion BVS ion BVS

Ni1 (Td) 1.74 Ni1 (Td) 2.30 Cr1 (Td) 1.81
Ni2 (Td) 1.74 Ni2 (Td) 2.30 Cr2 (Td) 1.81
Cr1 (Oh) 2.94 Ni3 (Oh) 2.48 Cr3 (Oh) 2.80
Cr2 (Oh) 2.94 Ni4 (Oh) 2.48 Cr4 (Oh) 2.80

O1 1.89 O1 1.82 O1 1.88
O2 1.92 O2 1.82 O2 1.82
O3 1.92 O3 1.82 O3 1.83
O4 1.89 O4 1.81 O4 1.88

5.4 Discussion and Conclusions

The results indicate that there is a wide range of metastable compositions across the spinel

oxide crystallography. For the cases where cation diffusion is dominant, spinel structures

with a Cr fraction of 0.66 or less are likely to form, as some of them are in fact the lowest

energy structure for the given cation composition. For the cases where oxygen diffusion

is dominant, nonstoichiometric spinel structures that have Cr fractions that exceed 0.66
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are thermodynamically favorable up until when the Cr fractions reaches around 0.9. We

note that this analysis only considered ordered low energy structures for each composition;

however, mixed spinel structures, which are intermediate between normal and inverse spinels,

and other disordered variants can exist. All the spinel structures considered in this chapter

are significantly lower in free energy than the alloy across all compositions, suggesting that

variable compositions outside the stoichiometric thermodynamic phases should be expected

to be common in spinel oxides during high-temperature oxidation. This indicates that the

thermodynamic conditions for nonequilibrium solute capture are satisfied for both cation and

oxygen diffusion.

While the thermodynamic calculations of ordered nonstoichiometric spinels are useful to

assess whether the spinel structures are likely to form, the kinetic conditions for nonequilib-

rium solute capture merit some discussion. In many kinetic studies of NiCr2O4 formation,

the rate of formation can differ significantly based on the chemical purity and porosity of

the reacting oxide phases [112]. Additional studies have also shown that rapid formation of

NiCr2O4 can lead to high porosities, which allow the vapor-phase transport of oxygen through

the pores [101, 180]. Since the initial oxides formed during high-temperature oxidation can

be porous and contain solute capture, the rapid diffusion of cations and oxygen is expected.

This suggests that it is likely for the kinetic conditions for nonequilibrium solute capture in

Ni-Cr spinels to be met in most cases of oxidation at elevated temperatures. While there are

some estimates that indicate the solute capture will occur for many cases of high-temperature

oxidation and most cases of aqueous corrosion, detailed kinetic studies of nonstoichiometric

spinels require additional work.

The densities of states analysis indicate that the spinels can range from insulators to

semiconductors, or even metals depending on the composition. The stoichiometric NiCr2O4

is a well-ordered insulating oxide, which are typically associated with less frequent film

breakdown from electrochemical studies of passivating oxides formed on Ni-Cr alloys. The

doping of the stoichiometric NiCr2O4 spinel can have negative effects on the corrosion and
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oxidation resistance of nonstoichiometric spinel oxides. As proposed by Cabrera and Mott

[27], thin oxide films, formed during the initial stages of oxidation, can allow electrons to pass

freely from the metal to the surface of the oxide to form negatively charged species. This

results in an electric field within the oxide that provides a driving force for the transport of

cations from the metal-oxide interface to the oxide surface to form additional layers of oxide.

To extend the model to thicker films in the transient regime between beyond the Cabrera-Mott

model, semiconducting or even metallic oxide films can maintain the transport of electrons

to the oxide surface, affecting the early-stage oxidation resistance of the alloy. However, it is

important to recognize that the these semiconducting or metallic nonstoichiometric spinels

are metastable and can evolve into more thermodynamically stable oxide phases in long-term

oxidation.

Lastly, the evolution of nonstoichiometric Ni-Cr spinels over time also merits further work.

For instance, it is important to understand the microstructure and oxidation resistance of

oxide layers that evolve from nonstoichiometric spinels. For previous studies of spinel oxide

formation, it has been shown that the cation diffusivity of NiCr2O4 are lower than that of

Cr2O3; however, experimental observations indicate that NiCr2O4 is a less effective diffusion

barrier owing to the formation of pores. Since the Ni-Cr spinels that contain solute capture

are only predicted to exist in transient stages of oxidation, it is relevant to understand whether

the nonstoichiometric spinels will promote or prevent the formation of dense protective oxides

in long-term oxidation. This understanding will be important for predicting and controlling

the long-term oxidation resistance of NiCr-based alloys.

In summary, a DFT thermodynamic assessment of the Ni-Cr spinel oxides indicate that

there is a range of spinel structures with varying cation compositions that can form. The

electronic structures of spinels can range from insulators to semiconductors, or even metals,

and the valence states of the metal cations can vary based on the composition. Therefore, care

is needed in the interpretation of valence results and the electronic properties of oxide layers

based just upon spectroscopic information. Although these metastable oxides are predicted
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to form in oxidative conditions, the compositions of the spinels are controlled by the kinetics

of the formation of these structures. Given the interfacial velocities present in the formation

of spinel structures, especially from porous defective reactant oxides, nonstoichiometric Ni-Cr

spinels are likely to be observed experimentally. This provides additional opportunities to

understand how these metastable spinels evolve over time and affect the long-term oxidation

resistance of the base alloy, leading to critical insights into factors that can control and

improve the oxidation resistance of NiCr-based alloys.

5.5 Future Work

Although there is some experimental evidence that suggest that Ni3O4 and Cr3O4 phases

can exist [193, 194], a systematic validation of the various degrees of nonstoichiometry in Ni-

Cr spinels and the conditions necessary for these phases to form is vital for understanding the

mechanisms of nonequilibrium solute capture in spinels. Both of the experiments I propose

in this chapter were scheduled to be completed in March 2020 but have been postponed

indefinitely due to the coronavirus disease (COVID-19) pandemic impacting the United

States [195].

The first experimental method I propose is alloy oxidation. Since we now have some

knowledge about spinel formation in the context of oxidation, NiCr and NiCrMo alloys oxi-

dized at moderate to high temperature for short periods of time may yield nonstoichiometric

oxides. As detailed in a previous chapter, CoCrMo has been observed to form nonstoichio-

metric spinels due to its rapid formation kinetics. While the kinetic condition may not be

as favorable, the porosity of the early-stage oxides formed on NiCr and NiCrMo alloys may

allow for the kinetics to be rapid enough for solute capture to occur. In addition, there

is evidence of nonstoichiometric spinels, albeit not Ni-Cr spinels, formed in a CoCrFeNi

alloy when oxidized at 700 ◦C for only 30 min [109], suggesting similar temperatures and

time scales can be applied to studying nonstoichiometric Ni-Cr spinels. Another oxidation

study on a Ni-20Cr alloy confirmed with XRD that NiCr2O4 begins forming after 5 min of
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oxidation at 600 ◦C [179]. I propose a systematic study of comparing spinel oxides formed

on NiCr and NiCrMo at 600 ◦C and 700 ◦C for 10 min, 30 min, and 1 h. For the NiCrMo

alloy, I also suggest attempting a high-temperature oxidation test at 1000 ◦C for 10 min, as

NiCrMo is significantly more oxidation-resistant due to the promotion of corundum growth

by Mo. The high temperature will allow the Cr2O3 and NiO phases to develop rapidly,

possibly incorporating defects to accelerate the kinetics of spinel formation. As a final caveat,

TEM characterization should occur as soon as possible after the oxidation exposure as the

nonequilibrium oxides have been shown to age even at room temperature and nucleate the

thermodynamically stable phases [40].

A second way of collecting experimental evidence of nonstoichiometric Ni-Cr spinels is by

NiCr2O4 nanoparticle synthesis. A recent work [196] has shown that NiCr2O4 nanoparticles

can be synthesized by mixing Cr(NO3)3·9H2O and NiCl2·6H2O with a 2:1 molar ratio and

precipitating out nanoparticles by adjusting the pH of the mixture to 12 with NH3·H2O. The

precipitate powder exhibits spinel crystallography after annealing for 2 h at 1000 ◦C, while

both corundum and spinel crystallographies are observed after annealing at 850 ◦C. I note

that the XRD patterns shown by the authors of this study have rather broad peaks indicating

a disordered spinel phase (Figure 5.8), so I anticipate that the spinel nanoparticles formed

via this method will initially have nonequilibrium structures. I propose altering the molar

ratio of the reactants in the initial mixture. By increasing the amount of NiCl2·6H2O or

Cr(NO3)3·9H2O, a more Ni-rich or Cr-rich spinel can be synthesized. In addition, different

annealing temperatures can be used to analyze the chemical composition of the spinels at

various stages of growth. Since the nanoparticles that formed can be readily dispersed onto

a TEM grid for characterization, the aging of the nanoparticles also can be avoided if there

are in fact nonequilibrium solute capture in the spinels.
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Figure 5.8. XRD patterns showing corundum (marked with #) and spinel
(marked with ∗) crystallographies contain rather broad peaks indicating a
disordered spinel phase has formed. Adapted from [196].
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CHAPTER 6

Early-Stage NiCrMo Oxidation Revealed by Cryo-TEM

As more exploratory work, a cryo-TEM approach has recently been implemented to

understand early-stage aqueous corrosion in NiCrMo alloys. Many hydroxides that are formed

at the surface of corroded alloys are unstable in an ambient environment and electron-beam

sensitive, limiting the use of conventionally-prepared specimens for TEM characterization of

these alloy-water interfaces. This experimental approach avoids sample dehydration by plunge

freezing NiCrMo alloys corroded in a Cl−-containing electrolyte. A cryo-FIB microscope was

used to thin the sample to electron transparency, while preserving the air-sensitive alloy-water

interface, and the sample was then cryo-transferred to a TEM for imaging and diffraction.

In this chapter, TEM results are presented that show the presence of rocksalt Ni1−xCr2x/3O

and β-Ni1−xCr2x/3(OH)2 phases in the corroded alloy. Additionally, their orientational re-

lationship to the underlying alloy were revealed with electron diffraction and DF imaging,

confirming the preservation of surface structure through the fully-cryogenic sample prepa-

ration and analysis. This opens many opportunities to study the passivation of alloys in

aqueous electrolytes and characterize the growth of oxide and hydroxide films in various

complex corrosion conditions such as in orthopedic implants. Lastly, this experimental ap-

proach can potentially provide additional insight into nonequilibrium solute capture and the

valence states of the metal atoms in the hydroxide formed during aqueous corrosion. This

work was performed collaboratively with Dr. Alexander Müller and Prof. Andrew Minor at

the National Center of Electron Microscopy at Lawrence Berkeley National Laboratory and

Dr. Xiao-xiang Yu at Northwestern University. The results and analysis presented in this

chapter have been published in the journal Ultramicroscopy (see reference [160]).

6.1 Introduction

Nanoscale processes at solid-liquid interfaces play a critical role in many biological, chem-

ical, and physical processes, ranging from fundamental phenomena such as crystal nucleation
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and growth in solution and hydrogels to more complex ones such as electrochemical changes of

metal/alloy surfaces during aqueous corrosion or the formation of solid-electrolyte interfaces

(SEI) in batteries. The understanding of real-time nanoscale processes at these interfaces

remains largely limited owing to the difficult nature of observing these phenomena operando.

While in situ investigations of aqueous corrosion have been conducted with Raman spec-

troscopy [197–199], X-ray spectroscopy techniques [200–203], AFM [204–206], STM [207–210],

and a surface force apparatus [211], these studies do not simultaneously acquire chemical

and spatial information at sufficient resolutions to identify surface oxides and hydroxides or

minor chemical changes at the metal-oxide interface. More recently, liquid cell TEM has

been used for in situ TEM characterizations of electrochemical reactions such as lithiation

[212–215], SEI formation [216–218], and aqueous corrosion [219, 220]. However, the high cur-

rent density of the electron beam is extremely reducing [221] and can impact electrochemical

processes. In consequence, electron beam effects have to be limited, resulting in a reduction

of spatial resolution due to a reduced beam current. A recent appraisal [222] concluded

that sub-nanometer spatial resolutions have not yet been achieved for in situ electrochemical

experiments in the TEM.

Cryo-TEM avoids many of the problems described above and allows for the nanoscale

characterization of the phases formed during early-stage aqueous corrosion by probing frozen,

hydrated samples. Plunge freezing, a technique well-established for biological samples, is

the process of rapidly freezing specimens in liquid ethane to prevent the transformation of

water to the hexagonal ice phase and thereby preserve the near-native structure [223–226].

However, the specimens frozen with plunge freezing often will not be electron-transparent,

as the formed ice layer is far too thick. Blotting can be used to reduce the thickness of the

ice layer, but it is not reliable and often requires many attempts to produce a thin ice layer,

especially when the form factor of a TEM sample changes. To overcome this, cryo-focused ion

beam (FIB) can be used to thin and polish away excess ice to expose the interface between
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the corroded alloy and the electrolyte (see 6.2), allowing the oxide and hydroxide phases at

the interface to be examined with cryo-TEM [227, 228].

In this study, we will examine the early-stage aqueous corrosion of a NiCrMo alloy. It is

well known that the addition of Mo to NiCr-based alloys inhibits the breakdown of passive

films during aqueous corrosion, improving corrosion resistance [38, 39, 229–231]. During

aqueous corrosion, different oxides and hydroxides form at the alloy surface. For instance,

rocksalt NiO is commonly reported to form on corroded Ni metal and Ni-based alloys with a

cube-on-cube epitaxial relationship (Figure 6.1) [232–234]. With HREM, EELS, and atom-

probe tomography analyses of corroded and oxidized NiCrMo alloys, the surface oxides were

determined as a combination of rocksalt and corundum crystal structures with Ni, Cr, and

traces of Mo in the rocksalt and Ni and Cr in the corundum due to nonequilibrium solute cap-

ture [40]. As previous studies have shown that corundum Cr2O3 has a larger thermodynamic

driving force than NiO in Ni-based alloys [235], these experimental observations contradict

the assumption that the most thermodynamically stable oxide forms first. Instead the com-

position of the oxide is determined by the growth rate at the metal-oxide interface, and local

thermodynamic equilibrium is not present. We note that the chemical formulas for oxides

and hydroxides are written as Ni1−xCr2x/3O and Ni1−xCr2x/3(OH)2 throughout this chapter,

as the chemical compositions of these phases were not confirmed. Since there is a strong

possibility that solute capture can occur in the formation of the oxide and hydroxide phases, it

is appropriate to denote both Ni and Cr as constituent metals in the phases for completeness,

as oxides with unusual and often inconsistent compositions were previously observed in a

similar corrosive condition [40, 107]. What is not known in detail is to what extent stable

hydroxides and oxyhydroxides [236–238] form near the surface in aqueous conditions, and any

crystallographic relationships to the oxide or metal. Here, we present a workflow allowing for

the preservation of the metal-electrolyte interface of NiCrMo alloy samples, and subsequent

cryo-TEM characterization of the oxides and hydroxides in the near-native hydrated state,

observing the early-stage aqueous corrosion in these corrosion-resistant alloys.
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Figure 6.1. HREM images show that the rock-salt islands grown on NiCrMo
substrate oxidized in sodium sulfate for 104 seconds. Adapted from [40].

6.2 Experimental Details

6.2.1 Sample Preparation

A Ni-22Cr-6Mo alloy was cut into discs with a diameter of 3 mm and a thickness of ∼0.5

mm using a rotary disc cutter (South Bay Technology Model 360), and were mechanically

thinned to thicknesses of ∼100 µm with silicon carbide lapping paper. The discs were

mechanically dimpled (VCRModel D500i Dimpler) until their center was∼25 µm thick. Then,

each disc was cut into two halves using a wire saw (South Bay Technology Model 850) to make

the thin edge of the sample (which contains the alloy-hydroxide-water interface) accessible to

the Ga+ beam of the FIB. If the disc was not sectioned, the edge would be obstructed by the

top half of the disc during cryo-FIB milling. The samples were ultrasonically washed with

acetone and thinned to electron transparency using the Ar+ ion beam of a Fischione Model

1050 TEM Mill operated at 5 kV with a 6◦ milling angle for 2 h, followed by a final polish at

1 kV with a 2◦ milling angle for 1 h. The choice of ion milling, rather than electropolishing

here was deliberate. As detailed in the next section, the samples were deliberately corroded

for a long time to obtain a quasi steady-state, relatively thin oxide. For this purpose, it is

advantageous to have an initial, somewhat damaged surface which is removed during the
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corrosion treatment, rather than a semi-passivated surface after electropolishing which may

have viscosity control agents at the surface.

6.2.2 Aqueous Corrosion and Freezing

The NiCrMo half-discs were corroded in 200 mL of a stock solution containing 0.1 M

NaCl and 0.0001 M HCl in H2O (pH ∼4.0), with 5 µL of H2O2 (30 % w/w) injected above

the sample surface to increase oxidation rate. The condition was verified by Dr. Katie

Lutton and Prof. John Scully at the University of Virginia to produce an electrochemical

potential near +0.2 V versus a saturated calomel reference electrode, a potential within the

passive region. Verification of the chemical potentiostat approach was achieved by observing

identical oxides in electrochemical impedance experiments [40]. In all cases, the samples were

corroded for 104 s at room temperature. Then, they were removed from the aqueous solution,

rapidly frozen via plunge freezing in liquid ethane [239], and transferred to a cryogenic grid

box immersed in liquid nitrogen.

6.2.3 Cryo-FIB Milling

Due to the added ice layer formed during freezing, the pre-thinned samples were too thick

for direct TEM imaging, and FIB milling was required to thin the samples and expose the

oxide and hydroxide phases at the alloy-water interface. A Quorum PP3010T Cryo-FIB/SEM

Preparation System, attached to a FEI Strata 235 dual-beam FIB, was used to image and

mill the frozen alloy samples at low temperatures (≤ -140 ◦C). Firstly, the frozen samples

were mounted into a Quorum 12406 sample shuttle such that the Ga+ beam inside the FIB

hits the sample at a glancing angle. Using a transfer rod keeping the sample in a nitrogen

atmosphere, the shuttle was then transferred into a cryo-preparation chamber, which was

operated at a pressure of 10−7 mbar and kept at -160 ◦C to prevent a phase change to the

hexagonal ice phase. Then, the shuttle was transferred into the FIB chamber through a

connecting valve between the cryo-preparation chamber and the FIB and secured onto the

stage kept at -160 ◦C. The frozen alloy samples were imaged with a 5 kV electron beam prior
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Figure 6.2. Schematic showing the cryo-FIB milling process of a frozen corroded
NiCrMo alloy, which is mounted to a cooled stage.

to cryo-FIB milling. In contrast to the traditional TEM sample preparation using the FIB,

where a series of cleaning cross-sections are completed on a single lamella, we selected regions

along the thin ion-milled portion of the 3 mm half-disc and milled it from one side with a

30 kV Ga+ ion beam. An illustration of the workflow inside the FIB is shown in Figure 6.2.

This milling method reduced the excess ice and the thickness of the alloy at the very edge

of the sample and added notched markers for easier identification during cryo-TEM imaging.

An ion beam current of 100 pA was initially used to line mill toward the sample with stage

tilt angles of 5-10◦, then the current was decreased stepwise down to 20 pA for the final

cleaning step. The beam current values used have been shown to produce sufficiently thin

lamellae of hydrogels and liquid-solid interfaces in oxide particles [240], demonstrating that

the areas of interest at the alloy-water interface can be preserved with cryo-FIB milling.

6.2.4 Cryo-TEM Characterization

The FIB milled sample was transferred to a cooled Gatan 915 double tilt cryo-transfer

holder, which has a shutter to prevent the sample from being exposed to air during the
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transfer. Cryo-TEM characterization was performed on a FEI Titan TEM operated at 300

kV with a Gatan Orius 830 (2k× 2k) CCD camera for diffraction pattern and image collection.

Selected-area electron diffraction (SAED) patterns and corresponding dark field (DF) images

from various regions of a polycrystalline diffraction ring were taken near the thin sample

edge.

6.2.5 TEM Characterization of Conventionally-Prepared Specimens

For TEM characterization of conventionally-prepared specimens, the NiCrMo half-discs

were dried in air after aqueous corrosion instead of being plunge-frozen from their hydrated

state. Electron diffraction and high-resolution imaging of the dehydrated samples were

performed on a JEOL JEM-2100F TEM operated at 200 kV.

6.3 Results

When milling the sample, the ice layer resulted in a smooth surface formed, whereas the

alloy showed significant curtaining. This allowed for easy identification of the two different

materials during milling such that we could observe a 10-20 µm thick ice layer was preserved

by plunge freezing. Such a thick layer would not be electron-beam transparent in the TEM,

requiring it to be thinned. The cryo-FIB milling approach provided locally thin regions with

smooth surfaces at the alloy-water interface. With SEM and FIB imaging of the NiCrMo

half-disc, we observed minor ice contamination on the alloy surface (Figure 6.3) that grew

during the cryo-transfer processes. The FIB milling not only reduced the overall thickness

of the vitreous ice layer, but also removed most of the small ice crystals in the regions

of interest (Figure 6.4). This allowed for characterization of the phases at the alloy-water

interface during semi steady-state aqueous corrosion without extraneous scattering signals in

images and diffraction patterns. As mentioned in the Methods and Materials section, several

regions along the edge of the half-disc were thinned with the ion beam. In cryo-TEM images,

the differences between FIB milled and unmilled regions become more apparent (Figure

6.5a). The FIB milled regions are electron-transparent and local diffraction contrast can be
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discerned, whereas adjacent regions are almost completely covered by ice which blocks the

electron beam.

Figure 6.3. (a) Cryo-SEM secondary electron image of the frozen corroded
NiCrMo half-disc. The irregular top edge is the region that was pre-thinned
to electron transparency with Ar+ ion milling and the bright particles are ice
crystals, which charge in the electron beam. (b) A top-down FIB secondary
electron image of (a) shows that ice contamination (dark particles) is more
significant in the lower part of the half-disc, away from the thin alloy edge.

SAED patterns taken from the thinned region show that the alloy-oxide-hydroxide region

was successfully preserved (Figure 6.5b). In cryo-TEM images of milled regions, we only

observe the presence of the native ice layer from the initial plunge freezing as opposed to

hexagonal ice crystals. From SAED patterns of two different sites in the region shown in

Figure 6.5, we can conclude the presence of oxides, hydroxides, and in some cases, vitreous

ice. Specifically, polycrystalline diffraction rings indicate that the rocksalt Ni1−xCr2x/3O

phase forms on the NiCrMo alloy surface, as expected from previous TEM characterizations

of conventionally-prepared samples from the same alloy system [40] and similar oxidation

experiments for Ni metal and other NiCr-based alloy systems [166, 208, 209, 233].

In addition to the rocksalt phase, polycrystalline β-Ni1−xCr2x/3(OH)2 is identified in

the SAED patterns. While we can be definitive that the crystal structure matches that

of β-Ni(OH)2 we cannot exclude the strong possibility that Cr has been solute captured
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Figure 6.4. Secondary electron image of (a) the cryo-FIB milled regions that
also served as notched markers to identify regions of interest for cryo-TEM
imaging. (b) Higher magnification image showing that the regions that were
thinned have significantly less contamination in comparison with unthinned
regions.

Figure 6.5. (a) Cryo-TEM imaging of cryo-FIB milled region. SAED patterns
from alloy regions show (b) polycrystalline β-Ni1−xCr2x/3(OH)2 with rocksalt
Ni1−xCr2x/3O and (c) rocksalt and corundum oxide phases. (b) Orientational
relationships between (1) the (110) Ni1−xCr2x/3(OH)2 ring and the (220) Ni
spots and (2) the (101) Ni1−xCr2x/3O ring and the (111) rocksalt spots are
observed. (c) In the thicker part of the sample, the inner diffraction rings are
more diffuse and correspond to vitreous ice and the major diffraction vectors
of polycrystalline corundum.

in the hydroxide, i.e. it is β-Ni1−xCr2x/3(OH)2 [241, 242]. With DF imaging on the β-

Ni1−xCr2x/3(OH)2 polycrystalline diffraction rings, the location of β-Ni1−xCr2x/3(OH)2 at the

surface of the NiCrMo was confirmed (Figure 6.6), suggesting that the hydrated alloy with

the oxide and hydroxide phases is successfully preserved by the plunge freezing and cryo-FIB
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preparation process. The β-Ni1−xCr2x/3(OH)2 phase was not observed in previous TEM

characterizations of aqueous corrosion in conventionally-prepared Ni and NiCr specimens

when the samples were dehydrated after corrosion. The DF images also indicate that the

β-Ni1−xCr2x/3(OH)2 crystallites, which are about 5-10 nm in diameter, form a layer at the

edge of the alloy sample. Furthermore, some of the β-Ni1−xCr2x/3(OH)2 crystallites are also

distributed on the top surface of the alloy that lies parallel to the projection plane. As shown

in Figure 6.6c, many small β-Ni1−xCr2x/3(OH)2 crystallites oriented in the (101) direction

formed on the surface of the alloy bulk. This kind of crystallite distribution was not observed

in the DF image of the β-Ni1−xCr2x/3(OH)2 oriented in the (110) direction.

Figure 6.6. Dark-field images taken from (a) the (110) Ni1−xCr2x/3(OH)2

diffraction ring and (b) the (101) Ni1−xCr2x/3(OH)2 diffraction ring. As indi-
cated in both images, the Ni1−xCr2x/3(OH)2 nanocrystals contributing to the
diffraction lie on the edges of the Ni-alloy bulk.

The β-Ni(OH)2 phase is an well-ordered phase which shows sharp diffraction peaks [243,

244]. For completeness, we should mention that there is one other hydroxide phase reported

in the literature, α-Ni(OH)2 [243, 244]. The α-Ni(OH)2 phase is significantly more disordered,

and shows broad diffraction features in the literature (Fig. 6.7). As there is significant overlap

of the diffraction features with those of vitreous ice [224] and to some extent, β-Ni(OH)2

[238, 244], we cannot exclude the possible presence of some α-Ni1−xCr2x/3(OH)2 along with
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β-Ni1−xCr2x/3(OH)2 in the samples. Since it is probable that hydroxides exist in the form of

hydrogels prior to freezing, the Ni(OH)2 is probably trapped in a metastable state.

Figure 6.7. X-ray diffraction patterns of β-Ni(OH)2 and α-Ni(OH)2. Adapted
from [238].

We can further conclude orientational relationships between β-Ni1−xCr2x/3(OH)2, rocksalt,

and the bulk alloy from the SAED patterns. The polycrystalline rings have an inhomogeneous

intensity distribution, indicating preferential orientation of the β-Ni1−xCr2x/3(OH)2 crystal-

lites. The (110) diffraction ring of β-Ni1−xCr2x/3(OH)2 in particular has intensity maxima

near the (220) diffraction spots of Ni. In addition, we observe evidence of other orientational

relationships from the weaker diffraction spots; for instance, the (101) β-Ni1−xCr2x/3(OH)2

ring is more intense near the (111) rocksalt spots (Figure 6.5b). This observation differs

from previous diffraction studies of the cube-on-cube epitaxy between rocksalt and Ni [233]

or NiCr alloys [40] in conventionally-prepared samples.

The characterization of conventionally-prepared samples was independently verified for

this paper using the same aqueous corrosion treatment. Rocksalt Ni1−xCr2x/3O islands were

observed with HREM on a corroded NiCrMo (Figure 6.8a). Consistent with literature [40,

233, 234], electron diffraction of the islands showed that the rocksalt phase grew on the bulk
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Ni metal with a cube-on-cube epitaxy (Figure 6.8b). In contrast to the cryo-TEM results

of the frozen-hydrated sample as discussed earlier, the polycrystalline β-Ni1−xCr2x/3(OH)2

phase was not observed in this non-cryogenic TEM sample preparation and characterization,

indicating the need for a cryogenic approach to reveal the complex orientational relationships

between the oxides and hydroxides with the bulk metal.

Figure 6.8. Conventionally-prepared NiCrMo sample shows the growth of
rocksalt Ni1−xCr2x/3O islands. (a) HREM image and (b) the corresponding
SAED pattern obtained from the Ni1−xCr2x/3O - metal interface shows cube-
on-cube epitaxy.

6.4 Discussion

The results presented indicate that it is possible to examine aqueous corroded samples by

a cryogenic approach, and obtain local structural information that is not accessible by other

means. As observed in other studies, these samples are complex polycrystalline and non-

conformal oxides/hydroxides, not the simple series of layers, all of equal thickness, commonly

hypothesized in the literature [245–249]. While elements of the epitaxial arrangements are

consistent with prior work in furnace oxidation [233] and aqueous corrosion [207–209], a

different type of epitaxy was identified. In both cases, parallel cube-on-cube Ni1−xCr2x/3O on

Ni epitaxy was observed in the passive oxide layer. Additionally, Ni(OH)2 was identified on

Ni(111) single crystal surfaces in both alkaline and acidic solutions via in situ electrochemical

STM, and the thickness and morphology of the hydroxide layer were determined to vary with
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the passivation potential [207]; in some cases there was probably an underlying oxide between

the metal and the hydroxide which STM would not detect. While preferred orientations of

the Ni(OH)2 were not found for the electrochemical conditions of the study by Zuili et al.

[207], we have identified two separate cases of preferred orientation for β-Ni1−xCr2x/3(OH)2.

In contrast to previous observations, where only amorphous granular Ni(OH)2 or a partial

monolayer of the Ni(OH)2 (0001) basal plane were identified, we observed a polycrystalline

β-Ni1−xCr2x/3(OH)2 layer with β-Ni1−xCr2x/3(OH)2 (101) crystallites preferentially oriented

in the six-fold Ni (111) and rocksalt (111) direction, as well as β-Ni1−xCr2x/3(OH)2 (110)

crystallites that were preferentially oriented along the two-fold Ni (220). Electron diffraction

of the hydroxide and the passive oxide layer has shown that the hydroxide conforms to the

structure of the underlying passive layer. In agreement with previous studies of the lattice

mismatch between NiO and Ni(OH)2 (7.5%) [207, 232, 237], the lattice mismatches for the

two orientational relationships observed in this study were both between 5-7%. The crystallite

sizes for β-Ni1−xCr2x/3(OH)2, which range from 5-10 nm, are also in good agreement with

previous studies of granular Ni(OH)2 structures, where grain size sizes between 2 and 8 nm

were measured [207].

Despite the successful preservation of the surface structure through cryogenic preparation

and analysis, many unanswered questions remain about these complex systems. The literature

suggests that chloride ions could be trapped in the hydroxide (substituting for OH−) during

aqueous corrosion [245, 250], which motivates further study. There are also many open issues

as to whether the hydroxide phase is purely nickel hydroxide or whether it incorporates

chromium and/or molybdenum. The valence states are also important to understand the

electrochemical reactions, for instance whether one has Mo4+ or Ni3+ in the hydroxide.

This merits further attention. Minor chemical and electronic fluctuations in the hydroxide

have little effect on its structure and morphology, causing these details to be overlooked in

diffraction-based studies such as this one. These effects will be studied in more detail and

with more advanced methods in future work.
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The approach is not without its limitations. For instance, specimen drift and charging

remain a challenge in cryo-TEM [251]. Minor chemical fluctuations, such as the capture of

chromium and molybdenum in the oxide and hydroxide, are often localized and would require

HAADF imaging and EDS. Identification of the valence states would require EELS. While

EDS and EELS are standard chemical characterization techniques for TEM, considerable

experimental design is required to ensure the collected spectra are representative of the hy-

drated alloy sample during cryo-TEM characterization. These challenges are being addressed

with promising results [252]. The results presented in this chapter are just the first steps in

establishing a cryo-TEM based technique to understand early-stage oxidation processes.

6.5 Conclusions

With a combined cryo-FIB and cryo-TEM approach, a corroded NiCrMo alloy was inves-

tigated in its a frozen-hydrated state during aqueous corrosion. While the morphology of

the corroded alloy can be imaged with the cryo-FIB microscope, the cryo-TEM can be used

to observe the crystallography and possibly the chemistry of the oxide and hydroxide layers

formed. Additionally, the presence of nonequilibrium phases can be studied in more detail, as

the samples were cryo-immobilized and any kinetic effects such as oxide aging and evolution

would be minimized. In this chapter, NiCrMo half-discs were mechanically polished and ion

milled prior to aqueous corrosion, and the resulting corroded specimens were immediately

plunge-frozen using liquid nitrogen. Cryo-FIB milling thinned down the ice layer to electron

transparency. Cryo-TEM imaging and electron diffraction revealed the presence of rocksalt

and polycrystalline Ni1−xCr2x/3(OH)2 on the surface of the corroded NiCrMo, supporting

that these phases were formed onto the alloy during aqueous corrosion in a Cl−-containing

electrolyte solution. The Ni1−xCr2x/3(OH)2 phase, which has not been observed in previous

TEM characterizations of corroded NiCrMo alloys, have multiple orientational relationships

in the hydrated alloy sample. These complex orientational relationships between the oxides



105

and hydroxides with the bulk metal were studied with SAED and DF imaging, thereby estab-

lishing an efficient workflow which will allow detailed studies of orientational relationships in

several materials systems undergoing aqueous corrosion.
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CHAPTER 7

In situ Observations of Graphitic Staples in Crumpled Graphene

As described earlier in Section 2.2.2, in situ TEM allows for the ability to observe

nanoscale and atomic scale details with real-time imaging as a material is deformed. The

same experimental approach has been applied to understanding the atomic scale processes

taking place in 2D layered materials such as graphite [253, 254] and molybdenum disulfide [255,

256] during sliding. Furthermore, similar in situ specialized TEM holders have been recently

used to study electrical properties such as localized resistance in graphitic nanostructures [257]

and piezoresisitve responses in core-shell nanowires [258]. These results demonstrate that the

in situ TEM approach can not only be used to characterize the local stress, strain, and defect

structures of various materials under mechanical loading [259, 260], but the electromechanical

couplings in these materials systems as well.

The work in this chapter demonstrates the versatility of the in situ AFM-TEM sliding

holder. The same experimental approach has been applied to understanding the atomic

scale processes taking place in 2D layered materials such as graphite [254] and molybdenum

disulphide [255, 256]. Crumpled graphene, which is a mixture of regions that can act similar

to single graphene sheets and local regions of nanoscale graphitic crystals, has a more complex

nanoscale structure. Graphene is an exceptionally effective lubricant additive that performs

well when crumpled rather than as flat sheets. In situ TEM of crumpled graphene sliding

demonstrates that it possesses intra-sheet links and graphitic nanocrystals that provide

additional mechanical stability and enable the material to reversibly deform. Crumpled

graphene is closer to crumpled paper with additional staples between the sheers, with the

intra-sheet links and graphitic nanocrystals acting as graphitic staples. The results and

analysis from this chapter, along with the supplementary videos referenced below, have been

published in the journal Carbon (see reference [261]). Video captions can be found in the
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Appendix. This work is performed collaboratively with Prof. Albert Dato and Prof. Gordon

Krauss from the Department of Engineering at Harvey Mudd College.

7.1 Introduction

The extraordinary mechanical and chemical properties of graphene, known for its atomi-

cally thin layer of carbon atoms arranged in a honeycomb lattice, are well understood and

the number of potential applications that exploit them is rapidly increasing. For instance,

graphene is one of strongest materials measured to date [262] and is commonly used in mul-

tifunctional nanocomposites [263]. Combined with its unique electrical properties [264, 265],

the mechanical behavior of graphene motivates its use in components with sliding interfaces

in micro- and nanoelectromechanical systems [266–270]. Graphene is an attractive material

for tribological applications because of its extreme mechanical properties, chemical stability

[271], and low coefficient of friction [272]. Flat graphene sheets have proven effective [272, 273]

for wear resistance in some cases, but for many applications one wants to deliver graphene

via a liquid such as a lubricant oil [269, 274, 275]. Flat graphene sheets tend to aggregate

due to strong van der Waals attractions, while crumpled graphene, which can be produced

by the substrate-free gas-phase synthesis method [276–278] is resistant to aggregation due

to its network of ridges and vertices [279–282]. Although crumpled graphene was shown to

outperform other carbon-based lubricant additives in macroscale tribometer tests [275], the

nanoscale tribological behavior is not well understood. It is generally believed that crumpled

graphene behaves similarly to other crumpled thin sheets such as paper and foils [283–285],

but this has not been directly verified.
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Figure 7.1. Graphitic staples in crumpled graphene nanosheets.

7.2 Experimental Methods

7.2.1 Crumpled Graphene Synthesis

Crumpled graphene sheets were synthesized in an atmospheric-pressure microwave (2.45

GHz) plasma reactor (MKS/ASTeX AX2518). Argon gas is passed through a quartz tube

(21 mm internal diameter) at a rate of 1.71 L/min through a microwave guide to generate an

argon plasma at an applied microwave forward power of 250 W. A jet nebulizer was used to

generate an aerosol consisting of argon gas (2 L/min) and ethanol droplets (2 × 10−4 L/min).

A smaller alumina tube (3 mm internal diameter) that was located within the quartz tube

was used to pass the aerosol directly into the plasma. Ethanol droplets rapidly evaporated in

the plasma and dissociated to form solid matter. The products were rapidly cooled and then

collected downstream on nylon membrane filters. The solid carbon material was collected at

a rate of 2 mg/min. The material produced by this method has been shown to be pure and

highly ordered graphene [276–278]. The collected graphene sheets were sonicated in ethanol

for 1 min, resulting in the formation of a homogeneous black suspension. The crumpled

graphene synthesis was completed by Prof. Albert Dato and Prof. Gordon Krauss at Harvey

Mudd College.
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7.2.2 Transmission Electron Microscopy

Approximately 8-10 drops of the graphene solution were deposited on a fractured Si

transmission electron microscopy TEM aperture grid glued on to a sharpened W needle,

which allows the sample to be mounted into the AFM-TEM holder. The Si fragment sat

on a hot plate set to 50 ◦C for quick solution evaporation. The Nanofactory Instruments

AFM-TEM holder, which contained a Si AFM tip with a spring constant of 5.6 N/m [286],

was inserted into a 200 kV FEI Tecnai F20ST TEM at Argonne National Laboratory, which

was used to characterize the tribological behavior of graphene sheets. A schematic of the

AFM-TEM holder is shown in Figure 7.2. The sample could move three-dimensionally in the

holder via a piezomotor with resolutions of 0.2 Å in the x and y directions, and 0.025 Å in the

z direction. In situ sliding was completed by moving the sample towards a stationary AFM

tip. A TV-rate video camera was used to record the in situ sliding experiments. The graphene

samples were re-examined ex situ in a 200 kV Hitachi H-8100 TEM and a 200 kV Hitachi

HD-2300 STEM at Northwestern University before and after in situ TEM experiments.

Figure 7.2. In situ sliding in the TEM is performed by moving the specimen
against a stationary AFM tip.



110

7.3 Results and Discussion

We demonstrate here that crumpled graphene is not simply folded paper, but significantly

different, using transmission electron microscopy (TEM) to visualize fiction and wear events

in situ with high resolution. Starting from drop-casted graphene sheets (see Section 7.2.1),

we analyzed the nanoscale structural changes of crumpled graphene in real-time and observed

in addition to the graphene sheets two types of graphitic structure: local regions with

two, perhaps three folded graphene layers in a single graphene sheet, which we will refer

to as intra-sheet links, and small regions with many folded layers, which we will refer to

as needle-like graphitic nanocrystals. We use here and in the following sections the term

“graphitic“, since the evidence indicates that they are primarily sp2 bonded regions, but we

cannot exclude some sp3 bonding at edges. The graphitic nanocrystals were verified using

higher-resolution imaging and electron diffraction (Figure 7.3). These nanocrystals behave

similarly to crosslinks in polymers, adding mechanical stability. The in situ sliding tests

show that intra-sheet links within single graphene sheets changed morphology due to tensile

and compressive forces. In contrast, regions that contain graphitic nanocrystals behaved

like strong crosslinks and have little or no structural change during compression, tension, or

shear. We will first discuss the larger-scale behavior, showing that it is comparable to prior

Figure 7.3. Transmission electron diffraction patterns taken from the regions
in the respective TEM images, indicated by circles, show (a) intra-sheet links
and (b) graphitic nanocrystals.

reports [280, 287] to cross-validate the more local in situ results which we will discuss later.
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Initially dispersed nanosheets with no preferential organization were collected during the

in situ sliding and formed a crumpled ball, which comprised of several crumpled graphene

sheets (Figure 7.4 and Video S1). As sliding continued, more sheets were added to the

solid. The combination of shear and compressive forces aided the formation of a spherical

solid of intra-sheet links. The crumpled graphene ball, which is approximately 350-500

nm in diameter, exhibited characteristics of a non-deformable sphere and was formed from

links between multiple graphene sheets. Experimentally we observed rolling in two different

Figure 7.4. (a) Prior to sliding and compression, crumpled graphene sheets have
no preferential order. (b) After sliding and compression, a 3D non-deformable
solid with a higher density of graphitic regions, was formed.

planes – in both the plane parallel to and the plane perpendicular to the direction of sliding.

As the solid reached a size of approximately 400-500 nm in diameter, it did not add any

additional graphene sheets. We also observed stick-slip in the non-deformable solid (Video

S1), which can be attributed to the individual graphene intra-sheet links at the surface

of the sphere. These minor intra-sheet links could be thought of as large asperities on a

rounded surface. This further confirmed that the solid was constructed of many individual

intra-sheet links, which were able to resist the compressive forces on the AFM tip by pinning

these individual crumpled sheets together and preventing the individual rippled layers from

unfolding back to the original state. The crumpled graphene ball’s resistance to compression

matched the observed behavior of crumpled thin sheets [288–291], and the ridges in the

crumpled graphene were also irreversibly wadded into folds [292]. We now turn to the local
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Figure 7.5. (a-d) TEM images extracted from Video S2 displaying that (b-c)
the crumpled graphene sheet supported by a graphitic nanocrystal folds as it
makes contact with the AFM tip, and then (d) unfolds as it passes the tip.
As the graphene sheet folded, edges of the sheet were reoriented into graphitic
regions. (e-h) Graphical models showing the structural changes occurring as
the sheet was sliding against the tip. The sample is moving from left to right
in this sequence. Scale bars, 50 nm.

processes taking place at the nanoscale, showing that localized regions within the crumpled

graphene sheets changed structurally during sliding. Three examples are shown (Videos

S2-S4). In the first example, a single crumpled graphene sheet changed structurally as it

made contact with the AFM tip (Figure 7.5 and Video S2). The graphene sheet folded

onto itself, and then unfolded to approximately its original shape as it slid past the tip.

As the graphene sheet folded, we observed that the contrast in the sheet became stronger,

indicating a transformation from single layer to few-layer graphene [293]. When the graphene

unfolded, we observed the opposite. By sliding this single crumpled sheet back and forth,

this structural change was reproduced, suggesting that this folding and unfolding process in

crumpled graphene is reversible. We note that this process is comparable to what has been

shown in experiments with controlled crumpling and unfolding of graphene [282, 294] and

previous TEM observations of single layer regions and few-layer regions such as folded edges

of graphene sheets [276, 293].

In the second example, we see folding and unfolding occurring in suspended graphene

sheets (Figure 7.6 and Video S3). In some of the graphitic needle-like regions near the tip
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we observed changes in contrast. Initially, some of the intra-sheet links in the graphene were

darker, but became lighter as the sample was slid to the right of the tip (Figure 7.6a-b). As

the graphene sheet pivoted around the tip, the contrast weakened. However, as the substrate

was retracted from the tip, the contrast in the structure became stronger (Figure 7.6c). This

points to the minor changes in the thickness of the edge of the graphene sheet during sliding,

and the graphitic nanocrystals moving in and out of strong diffraction conditions as they

tilt when the sample was moved. The folding and unfolding was more pronounced in the

suspended graphene sheet, which was located between the aggregate attached to the tip and

the graphene sheets that were secured to the Si substrate. As the sample slid past the tip,

we see the folded graphene sheets, depicted by the strong contrast regions, unfold and also

stretch in the direction that the substrate was traveling (Figure 7.6e-f). In this example, we

also saw that the many of the smaller localized graphitic nanocrystals did not change during

the folding and unfolding, consistent with the observations from the previous example.

In the third example (Figure 7.7 and Video S4), two needle-like nanocrystals, which

formed the edges of a graphene sheet, were moving as the sample was sliding. The graphene

sheet supported by the two needle-like graphitic nanocrystals collapsed as they moved closer

together, and returned to its original configuration as the nanocrystals moved apart. This

structural change was reversible. As the graphitic nanocrystals were in contact with the tip,

we also observed changes in the contrast within the structure, suggesting that nanocrystals

were rotating and tilting as they came in contact with the tip. This observation provides

further evidence that both intra-sheet links and graphitic nanocrystals add rigidity to the

graphene sheets.

The intra-sheet links that formed at crumpled regions can be compared to pivot points

that facilitate the folding and unfolding of individual graphene sheets. During the folding and

unfolding process (Video S2), intra-sheet links, which corresponded to the edges of the sheet,

began bending the sheet onto itself. Eventually, the sheet collapsed as it passed the tip. As

the graphene sheet moved farther away from the tip, the fold was relaxed and the crumpled



114

Figure 7.6. (a-c) As the sample is moving to the right, graphitic nanocrystals,
indicated by the black arrows in (a) and (c), have minimal changes in con-
trast under this sliding condition. This suggests that there are no significant
structural changes except for some minimal rotation about the tip. (d-f) As
the sample moved to the left, a suspended intra-sheet link, indicated by the
black arrows, almost unfolded completely. The localized intra-sheet link, which
appeared very dark in (e), almost completely vanished in (f). White arrows
indicate the sample’s direction of travel.

Figure 7.7. (a-c) Needle-like graphitic nanocrystals, indicated by arrows, acted
as support for the graphene sheets. The nanocrystals converged as the sample
slid toward the tip, and returned to their original configuration as the sample
passed the tip. The interaction between the graphitic nanocrystals and the
AFM tip collapsed the crumpled sheet. The sample is travelling from left to
right in this sequence. Scale bars, 100 nm.

sheet returned to the unfolded state, albeit with slight changes in morphology. Note that

the graphitic nanocrystals supporting the graphene sheet mostly maintained their structure

during sliding; however, we discerned a slight change in position as the graphene sheet folded
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and unfolded. This is the result of the reorientation of graphitic nanocrystals in the electron

beam when the force was aligned longitudinally to the direction of atomic planes, allowing

them to move. The change in TEM image contrast of the graphitic nanocrystal is not an

indication of morphological change but rather a reorientation in the electron beam, as the

nanocrystal did not vanish as previously observed in intra-sheet links (Figure 7.6e-f). The

nanocrystals returned to their original positions relative to the graphene sheet, after the entire

sheet slid past the tip and unfolded. From these observations, we find that the intra-sheet

links formed by the crumpled regions are more elastic, but the graphitic nanocrystals are

more rigid as they do not change structurally.

In densely packed solids such as crumpled paper balls or crumpled foils, the folds and

crumples impart resistance to small compressive and shear forces [283, 289, 291, 292, 295, 296].

One can “smooth out” the crumples by applying tensile forces to the edges of the sheet. The

experimentally observed folding and unfolding behavior of the crumpled graphene is similar

to smoothing out crumpled paper, but there are inconsistencies, as previously suggested in

molecular dynamics simulations [279]. Each individual graphene sheet has intrinsic intra-

sheet links located where the crumples were formed. These ‘minor’ intra-sheet links allowed

the sheets to fold and unfold when they were in contact with the AFM tip. In addition to this

there is rigidity in the needle-like graphitic nanocrystals. While intra-sheet links with two to

three folded layers of graphene exhibited elastic behavior, the graphitic nanocrystals are more

rigid as they do not readily change. In most cases, the sliding imparts a force parallel to the

sliding direction, limiting unfolding as the bending stiffness along that direction (graphitic

plane direction) is high. When the applied force is longitudinal to the atomic plane, then

nanocrystals reorient in the electron beam via tilt and rotation, resulting in changes in image

contrast.



116

7.4 Conclusions

In summary, we report that the substrate-free gas-phase synthesis method is capable

of producing aggregation-resistant crumpled graphene that contains intra-sheet links and

graphitic nanocrystals. These graphitic structures behaved similarly to staples in crumpled

graphene as they increased the rigidity and structural stability of graphene sheets, as revealed

by in situ sliding experiments in the TEM. We have demonstrated that direct observations us-

ing in situ TEM is a powerful experimental approach for elucidating the nanoscale mechanical

behavior of crumpled graphene. Additionally, graphitic staples in crumpled graphene could

be used as a model system to tune the mechanical properties of other thin nanomaterials for

tribological applications.
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CHAPTER 8

Modeling Electromechanical Couplings at Nanoscale Contacts

8.1 Introduction

In this chapter, I will present a recently developed model that combines classical contact

mechanics with the flexoelectric effect to explain the thermodynamic driver for charge sepa-

ration and charge transfer. This model will help understand the complex electromechanical

couplings at nanoscale contacts, allowing us to estimate the mechanically induced polariza-

tions to the first order across various material interfaces including polymers and ceramics. By

quantifying the flexoelectric contributions at contacting surfaces, one may be able to design

surfaces to maximize the potential differences in applications such as energy harvesters or to

regulate these potential differences such as in biomimetic materials. The work in this chapter

was completed in collaboration with Christopher Mizzi at Northwestern University and has

been published in the journal Physical Review Letters (see reference [297]).

The triboelectric effect, which defined as the transfer of charge associated with rubbing

or contacting two materials, has been known for at least thousands of years [298, 299]. The

consequences of this transfer are known to be beneficial and detrimental; for instance, tri-

bocharging is widely exploited in technologies such as laser printers and energy harvesters

but can also cause electrostatic discharges that lead to fires or electronic equipment malfunc-

tion. It is accepted that it involves the transfer of charged species, either electrons [300–302],

ions [303, 304], or charged molecular fragments [305], between two materials. The nature

and identification of these charged species has been the focus of considerable research [299,

306], but an important unresolved issue is the thermodynamic driver for charge transfer;

the process of separating and transferring charge must reduce the free energy of the system.

Triboelectric charge transfer in insulators is not well-understood; proposed models include

local heating [307] and trapped charge tunneling [308–310] but these models do not explicitly
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address the significant mechanical deformations associated with bringing two materials into

contact and rubbing them together.

Since the pioneering work of Bowden and Tabor [311] it has been known that friction and

wear at the nanoscale is associated with the elastic and plastic deformations of many nanoscale

asperities and the adhesion between. It is also well established that elastic deformation is

thermodynamically linked to polarization: the linear coupling between strain and polarization

is the piezoelectric effect and the linear coupling between strain gradient and polarization is the

flexoelectric effect [312–314]. While piezoelectricity is well-known form of electromechanical

coupling, they only occur for crystallographies which do not have an inversion center. In

contrast, flexoelectric effects occur in all insulators independent of the crystallography. The

coupling is a fourth-order tensor which can conveniently be scaled by the dielectric coefficient;

this is known as the flexocoupling voltage. For many materials flexocoupling voltages are

in the range of 1-10 V, although there are cases where it is significantly larger, for instance

∼40 V for DyScO3 [315]. Both the sign and the magnitude of the flexocoupling voltage in

a given material can depend strongly upon the crystallographic orientation [314], and a few

experimental values are given in Table 8.1. Furthermore, flexoelectric contributions can be

large at the nanoscale due to the intrinsic size scaling of strain gradients [314–316]. Quite a

few papers have analyzed the implications of these coupling terms in phenomena including

nanoindentation [317, 318], fracture [319], and tunneling [320]. There also exists literature

where the consequences of charging on friction have been studied [321–323], and frictional

properties have been related to redistributions of interfacial charge density via first principles

calculations [324]. However, triboelectricity, flexoelectricity, and friction during sliding are

typically considered as three independent phenomena.

In this chapter, we hypothesize that the electric fields induced by inhomogeneous defor-

mations at local asperities via the flexoelectric effect lead to significant surface potentials

differences, which can act as the driver for triboelectric charge separation and transfer. The
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Table 8.1. Examples of flexoelectric coefficent and flexocoupling voltage mea-
surements for both oxides and polymers in the literature. Polymer measure-
ments do not have specified signs, so f is treated as |f | for those materials.

Reference Material µ (nC/m) f (V)

[325] SrTiO3 [001] 6.1 2.3
[325] SrTiO3 [101] -5.1 -1.9
[325] SrTiO3 [111] -2.4 -0.9
[315] DyScO3 [110] -8.4 -42
[326] PVDF 13 160
[326] Oriented PET 9.9 289
[326] Polyethylene µm 5.8 273
[326] Epoxy 2.9 84

flexoelectric effect may therefore be a very significant, and perhaps even the dominant, ther-

modynamic driver underlying triboelectric phenomena in many cases. To investigate this

hypothesis in detail we analyze, within the conventional Hertzian [11] and Johnson-Kendall-

Roberts (JKR) [12] contact models, the typical surface potential differences around an asperity

in contact with a surface during indentation and pull-off. We find that surface potential

differences in the range of ±1-10 V or more can be readily induced for typical polymers and

ceramics at the nanoscale, and that the intrinsic asymmetry of the inhomogeneous strains

during indentation and pull-off changes the sign of the surface potential difference.

8.2 Results

Nanoscale asperity contact consists of two main phenomena, indentation and pull-off,

which are illustrated in Figure 8.1. To investigate the electric fields arising from the strain gra-

dients associated with these two processes, we combine the constitutive flexoelectric equations

with the classic Hertzian and JKR models, considering only vertical relative displacements

for simplicity. The normal component of the electric field induced by a flexoelectric coupling

in an isotropic non-piezoelectric half plane oriented normal to ẑ is given by in Equation 8.1:

Ez = −f ∂ε
∂z

∣∣∣∣
eff

= −f(3εzzz + εzxx + εxzx + εxxz + εzyy + εyzy + εyyz ) (8.1)
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Figure 8.1. Schematic of asperity contact between a rigid sphere (shown in
blue) and an elastic body (shown in red). The elastic body will deform during
both indentation and pull-off, resulting in a net strain gradient opposite to the
direction of the applied force (F).

Where Ez is the electric field linearly induced by ∂ε
∂z
|eff the effective strain gradient. The

proportionality constant f is the flexocoupling voltage (the flexoelectric coefficient divided by

the dielectric constant) and the effective strain gradient is the sum of the symmetry-allowed

strain gradient components (where εjkl = ∂εjk/∂xl).

First, we will analyze the indentation case. Because of the axial symmetry assumptions

of the Hertzian contact theory, only five strain gradient components in Equation 8.1 are

symmetrically inequivalent during indentation. The strain gradient components can be

visualized as contour plots, shown in Figure 8.2. From these plots it is evident that the

strain gradient components have complex spatial distributions, the details of which depend

on the materials properties of the deformed body (Young’s modulus, Poisson’s ratio) as

well as external parameters (applied force, indenter size). Further insight can be gained

by calculating the average effective strain gradient within the indentation volume, which

is taken to be the cube of the deformation radius. The average effective strain gradient is

negative and scales inversely with indenter size, independent of the materials properties of
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the deformed body and the applied force. The former is intuitive since a material deformed

by an indenter should develop a curvature opposite to the direction of the applied force, and

the latter is a consequence of averaging. Recall the effective strain gradient in Equation 8.1

linearly induces an electric field via the flexoelectric effect. It is comprised of a number of

strain gradient components, each with complex spatial distributions. Therefore, to get a

sense of the overall magnitude and impact of the effective strain gradient, it is convenient to

average it. A natural choice of integration volume is the deformation volume defined as a3,

where a is the deformation radius:

∂ε

∂z

∣∣∣∣
eff

=
1

a3

∫
∂ε

∂z

∣∣∣∣
eff

(8.2)

This is particularly convenient because for indentation, ∂ε
∂z
|eff is a function of materials

parameters and the applied force via a. Similarly, for pull-off ∂ε
∂z
|eff is a function of materials

parameters via a. Therefore, averaging over the deformation volume effectively removes all

dependences except for the indenter radius. This is confirmed numerically. Moreover, since

Ez = −f ∂ε
∂z

∣∣∣∣
eff

(8.3)

and f is a constant, it follows that an average electric field can be defined as

Ēz = −f ∂ε
∂z

∣∣∣∣
eff

(8.4)

which is also independent of materials properties and applied parameters except the indenter

size. As shown in Figure 8.2f, the average effective strain gradient associated with Hertzian

indentation is on the order of -108 m−1 in all materials at the nanoscale. Such large strain

gradients immediately suggest the importance of flexoelectric couplings [314, 315].

For pull-off we use JKR theory, which incorporates adhesion effects between a spherical

indenter and an elastic half-space into the Hertz contact model. The tensile force required
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Figure 8.2. (a-e) There are 5 symmetrically inequivalent strain gradients that
arise from Hertzian indentation of an elastic half-space that can flexoelectrically
couple to the normal component of the electric field. Contour lines indicate
the constant value of the strain gradient in units of 106 m−1, z is the direction
normal to the surface with positive values going into the bulk, and x is the in-
plane direction. The origin is at the central point of contact. (f) The magnitude
of the average effective strain gradient | ∂ε

∂z
|eff as a function of indenter radius

(R). The average effective strain gradient is the sum of the all the strain
components shown (a-e) averaged over the indentation/pull-off volumes.

to separate the indenter from the surface, also known as the pull-off force, can be written as

Fadh = −3

2
π∆γR (8.5)

where ∆γ is the adhesive energy per unit area and R is the radius of the spherical indenter.

Replacing the applied force in the Hertzian indentation strain gradient expressions with this

force yields pull-off strain gradients immediately before contact is broken. This analysis for

the pull-off case yields strain gradient distributions qualitatively similar to those shown in

Figure 8.2, except with opposite signs because the force is applied in the opposite direction.
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Importantly, as in the indentation case, the average effective strain gradient within the pull-

off volume scales inversely with indenter size, is independent of the materials properties of

the deformed body, and is on the order of 108 m−1 in all materials at the nanoscale.

After understanding the strain gradient distributions and the flexoelectric response at

asperity deformations, we now turn to quantifying these responses. Obtaining analytical

expressions for the normal component of the electric field in the deformed body induced

by indentation and pull-off involves substituting the strain gradient components shown in

Figure 8.2 into Equation 8.1. This electric field component is shown in Figure 8.3 for the

indentation case with a positive flexocoupling voltage. The pull-off case is similar, but the

signs of the electric fields are reversed. Since the electric field induced by the flexoelectric

effect is the effective strain gradient scaled by the flexocoupling voltage, its magnitude is

linearly proportional to the flexocoupling voltage and inversely proportional to the indenter

size. The average electric field within the indentation/pull-off volume is on the order of

108-109 V/m for all materials at the nanoscale assuming a conservative flexocoupling voltage

of 1 V [313, 314, 327]; some specific flexocoupling voltages are given in Table 8.1.

The electric fields induced by the flexoelectric effect in the bulk of the deformed body

will generate a potential on its surface. Figure 8.4 depicts the surface potential difference

calculated from the normal component of the electric field along the deformed surface of a

typical polymer with a flexocoupling voltage of 10 V [313, 314, 327]. We note that the available

measured flexocoupling voltages for polymers indicates that this may be underestimated, as

many literature values significantly exceed 10 V. The pull-off surface potential difference

tends to be larger in magnitude and spatial extent than the indentation surface potential

difference. In both cases the magnitude of the maximum surface potential difference is

sensitive to the materials properties of the deformed body (Young’s modulus, Poisson’s ratio,

adhesion energy, flexocoupling voltage) and external parameters (applied force, indenter size).
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Figure 8.3. (a) Normal component of the electric field induced by Hertzian
indentation via a flexoelectric coupling. Contour lines indicate electric field in
units of MV/m, z is the direction normal to the surface with positive values
going into the bulk, and x is the in-plane direction. The origin is the central
point of contact. (b) Magnitude of the average electric field (|Ēz|) in the
indentation/pull-off volumes (at asperities) as a function of indenter radius (R)
for flexocoupling voltages of 1 V and 10 V.

Specifically, the surface potential differences for indentation and pull-off scale as:

Vindentation,min ∝ f

(
F

R2Y

)1/3

(8.6)

Vpull−off,max ∝ f

(
∆γ

RY

)1/3

(8.7)

Where Vindentation,min is the minimum surface potential difference for indentation, Vpull−off,max

is the maximum surface potential difference for pull-off, f is the flexocoupling voltage, F is

the applied force, R is the indenter radius, Y is the Young’s modulus, and ∆γ is the energy

of adhesion.

The above analysis indicates that large strain gradients arising from deformations by

nanoscale asperities yield surface potential differences via a flexoelectric coupling in the ±1-

10 V range, as a conservative estimate. The magnitude of this surface potential difference is

sufficient to drive charge transfer, suggesting that flexoelectric couplings during indentation

and pull-off can be responsible for triboelectric charging. Furthermore, this model implies
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Figure 8.4. Electric potential difference along the surface of the deformed body
for indentation (blue solid line) and pull-off (red dashed line). The x axis
represents the in-plane direction and the origin is the central point of contact.

that the direction of charge transfer is controlled by a combination of the direction of the

applied force and local topography (whether the asperity indenting or pulling-off), as well as

the sign of the flexocoupling voltage.

8.3 Discussion and Conclusions

Our model is consistent with a range of experimental observations. First, it has been

observed that tribocurrents exhibit bipolar characteristics associated with stick-slip [328].

This bipolar nature is consistent with the change in the sign of the surface potential difference

for indentation and pull-off predicted by our model. We note that these experiments had

some shear component which is not exactly the same as our analysis and complicates the

problem due to the breakdown of circular symmetry. While this will yield a more complex

strain gradient distribution than our simplified model, the total potential difference will be

the sum of normal and shear contributions which does not alter our general conclusions.

Second, the measured tribocurrent has been shown to scale with the indentation force to the

power of 1
3
[329], which matches the scaling of the indentation surface potential difference
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with force. Thirdly, charging between similar materials [330–333] and the formation of non-

uniform tribocharge patterns [334–337] can be explained by considering the effect of local

surface topography and crystallography on the direction of charge transfer. For instance, local

variation in surface topography determines which material locally acts as the asperity, and

consequently dictate the direction in which charge transfers. In addition, it is established for

crystalline materials that both the magnitude and sign of the flexocoupling voltage can change

with crystallographic orientation (see Table 8.1). Finally, recent work has demonstrated that

macroscopic curvature biases tribocharging so that convex samples tend to charge negative

and concave samples tend to charge positive; this coupling between curvature and charge

transfer direction is a natural consequence of our flexoelectric model [338].

In addition to the above qualitative conclusions, it is relevant to explore whether flexoelec-

tricity can quantitatively explain experimental triboelectric charge transfer measurements.

An important quantitative parameter in the triboelectric literature is the magnitude of tri-

boelectric surface charge density which has been measured in a number of systems including

spherical particles [333, 339] and patterned triboelectric devices [340, 341], and normally

enters models as an empirical parameter [342, 343]. We hypothesize that the upper bound for

the triboelectric surface charge density is set by the flexoelectric polarization, i.e. charge will

transfer until the flexoelectric polarization is screened. As shown in Table 8.2, this hypothesis

agrees with existing tribocharge measurements on a wide range of length scales to within an

order of magnitude without invoking anomalous flexoelectric coefficients and other adjustable

parameters.

Table 8.2. Comparison between measure triboelectric surface charge (σtribo)
and calculated flexoelectric polarization (PFxE) for feature sizes in the mm to
µm range assuming a flexoelectric coefficient of 1 nC/m.

Reference Feature size σtribo (µC/m2) PFxE (µC/m2)

[339] 2.3 mm 0.5 0.4
[333] 326 µm 0.2 1.6
[333] 251 µm 0.5 2.1

[340, 341] 10 µm 97.4 106.1
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These results make a strong case that the flexoelectric effect drives triboelectric charge

separation and transfer, and that nanoscale friction, flexoelectricity, and triboelectricity

occur simultaneously and are linked. In summary, the macroscopic forces during sliding on

insulators cause local inhomogeneous strains at contacting nanoscale asperities which induce

significant local electric fields, which in turn, drive charge separation.

8.4 Future Opportunities

The model presented in this chapter is not only limited to inorganic materials, but is quite

general. As one extension it is known that semi-crystalline layers are formed at the confined

spaces during sliding in a lubricant [344], so it is not unreasonable that flexoelectric effects

can drive charge separation in lubricants. Another extension to this is biological materials, as

flexoelectric effects in biological membranes [345] and biominerals [346] are well-established.

Recent experimental work suggests that flexoelectricity in hydroxyapatite induces sufficient

electric potential for programmed cell death and bone remodeling [346]. We also note the

magnitude of the flexoelectricity-induced electric fields and surface potential differences at

asperities (and crack tips [319]) suggest flexoelectricity can play a role in triboluminescence

[347–349], triboplasma generation [350] or tribochemical reactions. Such hypotheses merit

additional work.

Figure 8.5. Strain distribution within core-shell InAs nanowires under tensile
stress is observed by STEM combined with nanobeam electron diffraction.
Adapted from [258].
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As a final note, one of the limiting factors of flexoelectric effect is the lack of flexocoupling

voltages and flexoelectric coefficients in the literature. Establishing a library of these values

for common insulators, both polymers and ceramics, via an established three-point bending

measurement technique, can lead to more relevant estimates of the flexoelectric contribution

at nanoscale contacts. Lastly, experimental validation of the flexoelectric polarizations at

deforming surfaces can be completed with an in situ TEM. In situ straining, mechanical

measurement, and electrical characterization have been recently combined to characterize

electromechanical couplings such as piezoresistive and piezoelectric effects in nanowires [258].

To investigate the correlation between mechanical strain and the electrical transport prop-

erties, a nanoindenter TEM holder with an electrical push-to-pull microelectromechanical

system device can be used for the in situ studies. By combining this approach with strain

mapping analysis based on STEM with nanobeam electron diffraction, strain inhomogeneities

including localized strain gradients can then be measured (Figure 8.5). Consequently, the

flexoelectric contributions of a material and its defects under different mechanical stimuli can

be quantified by directly correlating strain gradients with in situ electrical responses.
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CHAPTER 9

Conclusions

9.1 Oxidation and Corrosion

In summary, the early-stage oxidation and corrosion of CoCrMo and NiCrMo alloys were

characterized by transmission electron microscopy. Extensive analysis of the crystallography

and chemistry of nanoscale oxide layers revealed several cases of nonequilibrium solute capture.

The investigation of early-stage oxidation of CoCrMo alloys at a moderate temperature

revealed that grain boundaries play a role in assisting the formation of oxides that contain

solute capture. Rapid diffusion at grain boundaries formed defective oxide layers that allowed

cation diffusion to continue at a fast rate, resulting in spinel oxides with Cr concentrations

that exceed the thermodynamic limits. Another study on the aqueous corrosion of CoCrMo

alloys in Cl− solutions showed that the oxide layer had predominantly rocksalt crystallography

and contained a significant amount of Cr, greatly exceeding the thermodynamic solubility of

Cr in rocksalt CoO. In contrast, CoCrMo alloys corroded in model synovial fluids containing

hyaluronic acid, which has been found to lower the corrosion resistance of CoCrMo alloys,

do not contain solute capture. This suggested that a secondary mechanism was dominant:

hyaluronic acid formed metal complexes during anodization, resulting in Cr depletion and non-

protective oxide islands on the alloy surface. Lastly, a cryo-transmission electron microscopy

observation of aqueous corrosion in NiCrMo alloys revealed the presence of rocksalt and

polycrystalline Ni1−xCr2x/3(OH)2 on the surface of the corroded NiCrMo, supporting that

these phases were formed onto the alloy during corrosion in a Cl−-containing solution. Despite

the successful preservation of the surface through cryogenic sample preparation and analysis,

it is still an open question whether the hydroxide phase is purely nickel hydroxide or whether

it incorporates Cr and/or Mo. This merits more detailed studies with more advanced methods

in future work.
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9.2 Tribology and Triboelectricity

Turning to tribology, mechanical deformations of crumpled graphene, which consisted

of flexible intra-sheet links and rigid nanocrystals, were observed with in situ transmis-

sion electron microscopy. The nanomechanical behaviors of intra-sheet links and graphitic

nanocrystals showed the origins of enhanced mechanical stability and wear resistance of

crumpled graphene. A theoretical model combined contact mechanics and flexoelectricity to

model the electromechanical couplings at nanoscale contacts. This study established that

the macroscopic forces during sliding on insulators caused local inhomogeneous strains at

contacting nanoscale asperities, which induced significant local electric fields, driving charge

separation. These findings indicate that the link between flexoelectricity and triboelectric-

ity is important for understanding the complex nature of localized electrical properties at

nanoscale asperities and can lead to the better designs of surfaces to be tailored for specific

applications. Additionally, the versatile in situ TEM approach can be combined with more

advanced characterization tools to relate mechanical strain with the electrical transport prop-

erties of materials. This opens doors for future opportunities to quantify the flexoelectric

contributions of a material and its defects under different mechanical stimuli by directly

correlating strain gradients with in situ electrical responses.
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APPENDIX A

DFT CIFs

A.1 Ni3O4

data_Wien2k_Data

_cell_length_a 5.848660

_cell_length_b 5.848660

_cell_length_c 8.271254

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’Imm2 ’

_symmetry_space_group_number 44

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_

_symmetry_equiv_pos_as_xyz

+x,+y,+z

-x,-y,+z

+x,-y,+z

-x,+y,+z

+x+1/2,+y+1/2,+z+1/2

-x+1/2,-y+1/2,+z+1/2
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+x+1/2,-y+1/2,+z+1/2

-x+1/2,+y+1/2,+z+1/2

loop_

_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Ni001 Ni01 0.00000000 0.00000000 0.00220191 0.05000000

Ni002 Ni02 0.00000000 0.50000000 0.25261160 0.05000000

Ni001 Ni01 0.74909529 0.00000000 0.37615072 0.05000000

Ni002 Ni02 0.00000000 0.24915818 0.62605034 0.05000000

O0001 O01 0.00000000 0.73241721 0.87181095 0.05000000

O0002 O02 0.00000000 0.77179691 0.37595169 0.05000000

O0003 O03 0.22864634 0.50000000 0.62560186 0.05000000

O0004 O04 0.23293902 0.00000000 0.62202770 0.05000000

#End data_Wien2k_Data

A.2 Ni5CrO8

data_Wien2k_Data

_cell_length_a 5.886888

_cell_length_b 5.886888

_cell_length_c 8.325316

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000
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_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’Imm2 ’

_symmetry_space_group_number 44

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_

_symmetry_equiv_pos_as_xyz

+x,+y,+z

-x,-y,+z

+x,-y,+z

-x,+y,+z

+x+1/2,+y+1/2,+z+1/2

-x+1/2,-y+1/2,+z+1/2

+x+1/2,-y+1/2,+z+1/2

-x+1/2,+y+1/2,+z+1/2

loop_

_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Cr001 Cr01 0.00000000 0.00000000 0.00061651 0.05000000
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Ni001 Ni01 0.00000000 0.50000000 0.24969135 0.05000000

Ni002 Ni02 0.75444514 0.00000000 0.37815345 0.05000000

Ni003 Ni03 0.00000000 0.24663647 0.62295782 0.05000000

O0001 O01 0.00000000 0.75257692 0.87945296 0.05000000

O0002 O02 0.00000000 0.76241929 0.37851918 0.05000000

O0003 O03 0.25410569 0.50000000 0.62160598 0.05000000

O0004 O04 0.23972324 0.00000000 0.61910667 0.05000000

#End data_Wien2k_Data

A.3 Ni2CrO4

data_Wien2k_Data

_cell_length_a 5.949519

_cell_length_b 5.949519

_cell_length_c 8.413890

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’Imm2 ’

_symmetry_space_group_number 44

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_
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_symmetry_equiv_pos_as_xyz

+x,+y,+z

-x,-y,+z

+x,-y,+z

-x,+y,+z

+x+1/2,+y+1/2,+z+1/2

-x+1/2,-y+1/2,+z+1/2

+x+1/2,-y+1/2,+z+1/2

-x+1/2,+y+1/2,+z+1/2

loop_

_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Ni001 Ni01 0.00000000 0.00000000 0.99445287 0.05000000

Ni002 Ni02 0.00000000 0.50000000 0.25660869 0.05000000

Ni001 Ni01 0.75012555 0.00000000 0.37542467 0.05000000

Cr002 Cr02 0.00000000 0.24988260 0.62503054 0.05000000

O0001 O01 0.00000000 0.73686898 0.85223304 0.05000000

O0002 O02 0.00000000 0.76444288 0.39712198 0.05000000

O0003 O03 0.21573025 0.50000000 0.62316900 0.05000000

O0004 O04 0.21637718 0.00000000 0.62643999 0.05000000

#End data_Wien2k_Data
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A.4 Ni3Cr3O8

data_Wien2k_Data

_cell_length_a 5.949516

_cell_length_b 5.949516

_cell_length_c 8.413886

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’Imm2 ’

_symmetry_space_group_number 44

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_

_symmetry_equiv_pos_as_xyz

+x,+y,+z

-x,-y,+z

+x,-y,+z

-x,+y,+z

+x+1/2,+y+1/2,+z+1/2

-x+1/2,-y+1/2,+z+1/2

+x+1/2,-y+1/2,+z+1/2

-x+1/2,+y+1/2,+z+1/2

loop_
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_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Ni001 Ni01 0.00000000 0.00000000 0.99575714 0.05000000

Cr002 Cr02 0.00000000 0.50000000 0.24166720 0.05000000

Cr003 Cr03 0.75134874 0.00000000 0.37117804 0.05000000

Ni004 Ni04 0.00000000 0.25159429 0.62668916 0.05000000

O0001 O01 0.00000000 0.71774411 0.87330636 0.05000000

O0002 O02 0.00000000 0.76511075 0.38074334 0.05000000

O0003 O03 0.23800065 0.50000000 0.64743772 0.05000000

O0004 O04 0.24431290 0.00000000 0.60693319 0.05000000

#End data_Wien2k_Data

A.5 NiCr2O4

data_Wien2k_Data

_cell_length_a 5.970106

_cell_length_b 5.970106

_cell_length_c 8.443004

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0
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_symmetry_space_group_name_H-M ’Imm2 ’

_symmetry_space_group_number 44

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_

_symmetry_equiv_pos_as_xyz

+x,+y,+z

-x,-y,+z

+x,-y,+z

-x,+y,+z

+x+1/2,+y+1/2,+z+1/2

-x+1/2,-y+1/2,+z+1/2

+x+1/2,-y+1/2,+z+1/2

-x+1/2,+y+1/2,+z+1/2

loop_

_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Ni001 Ni01 0.00000000 0.00000000 0.00323994 0.05000000

Ni002 Ni02 0.00000000 0.50000000 0.25338637 0.05000000

Cr001 Cr01 0.74899154 0.00000000 0.37524033 0.05000000

Cr002 Cr02 0.00000000 0.24898833 0.62525483 0.05000000
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O0001 O01 0.00000000 0.72911213 0.86392530 0.05000000

O0002 O02 0.00000000 0.77721190 0.38425696 0.05000000

O0003 O03 0.22278801 0.50000000 0.63418251 0.05000000

O0004 O04 0.22913977 0.00000000 0.61382692 0.05000000

#End data_Wien2k_Data

A.6 Ni3Cr9O16

data_Wien2k_Data

_cell_length_a 5.970103

_cell_length_b 5.970103

_cell_length_c 8.443001

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’P1 ’

_symmetry_space_group_number 1

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_

_symmetry_equiv_pos_as_xyz

+x,+y,+z

loop_
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_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Cr001 Cr01 0.74393598 0.00031386 0.37545581 0.05000000

Cr002 Cr02 0.24189772 0.99845159 0.37120576 0.05000000

Cr003 Cr03 0.25636281 0.50124689 0.87341909 0.05000000

Cr004 Cr04 0.75685013 0.50237591 0.87978627 0.05000000

Cr005 Cr05 0.99906094 0.24595357 0.62651424 0.05000000

Cr006 Cr06 0.99859477 0.74682126 0.62589112 0.05000000

Cr007 Cr07 0.50107747 0.75307825 0.12178279 0.05000000

Cr008 Cr08 0.50092026 0.25027332 0.12581464 0.05000000

Ni001 Ni01 0.99767507 0.00278824 0.99843935 0.05000000

Cr009 Cr09 0.50363728 0.50525306 0.50024379 0.05000000

Ni002 Ni02 0.00444694 0.49990913 0.24892279 0.05000000

Ni003 Ni03 0.49605208 0.00585668 0.74962755 0.05000000

O0001 O01 0.00501354 0.72750476 0.86581836 0.05000000

O0002 O02 0.00705990 0.27612641 0.86343628 0.05000000

O0003 O03 0.48801772 0.22542185 0.36269414 0.05000000

O0004 O04 0.49842423 0.77627154 0.35727273 0.05000000

O0005 O05 0.99274881 0.76875706 0.38797330 0.05000000

O0006 O06 0.99237460 0.22803534 0.38783230 0.05000000

O0007 O07 0.50908281 0.27559662 0.88959433 0.05000000

O0008 O08 0.50442562 0.72964764 0.88313656 0.05000000

O0009 O09 0.22780707 0.49054800 0.63733069 0.05000000
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O0010 O10 0.77503466 0.49894806 0.64334312 0.05000000

O0011 O11 0.72866710 0.99913422 0.13738797 0.05000000

O0012 O12 0.26959308 0.00073094 0.13397608 0.05000000

O0013 O13 0.22585582 0.99256142 0.61006312 0.05000000

O0014 O14 0.76957111 0.99688319 0.61446056 0.05000000

O0015 O15 0.72790241 0.49980435 0.11813260 0.05000000

O0016 O16 0.27791003 0.50170682 0.11044465 0.05000000

#End data_Wien2k_Data

A.7 NiCr5O8

data_Wien2k_Data

_cell_length_a 5.996249

_cell_length_b 5.996249

_cell_length_c 8.479976

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’Imm2 ’

_symmetry_space_group_number 44

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_
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_symmetry_equiv_pos_as_xyz

+x,+y,+z

-x,-y,+z

+x,-y,+z

-x,+y,+z

+x+1/2,+y+1/2,+z+1/2

-x+1/2,-y+1/2,+z+1/2

+x+1/2,-y+1/2,+z+1/2

-x+1/2,+y+1/2,+z+1/2

loop_

_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Ni001 Ni01 0.00000000 0.00000000 0.99968901 0.05000000

Cr001 Cr01 0.00000000 0.50000000 0.74814806 0.05000000

Cr002 Cr02 0.00000000 0.24966409 0.37590363 0.05000000

Cr003 Cr03 0.25155932 0.00000000 0.62421635 0.05000000

O0001 O01 0.22867792 0.50000000 0.36162632 0.05000000

O0002 O02 0.77873076 0.00000000 0.38445582 0.05000000

O0003 O03 0.00000000 0.27108023 0.13853518 0.05000000

O0004 O04 0.00000000 0.77996344 0.61634149 0.05000000

#End data_Wien2k_Data
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A.8 NiCr11O16

data_Wien2k_Data

_cell_length_a 5.990549

_cell_length_b 5.990549

_cell_length_c 8.471915

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’P1 ’

_symmetry_space_group_number 1

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_

_symmetry_equiv_pos_as_xyz

+x,+y,+z

loop_

_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Cr001 Cr01 0.75133344 0.00030896 0.37433892 0.05000000



177

Cr002 Cr02 0.25101913 0.99614073 0.37276236 0.05000000

Cr003 Cr03 0.24894170 0.49901150 0.87672154 0.05000000

Cr004 Cr04 0.75106447 0.50252127 0.87662060 0.05000000

Cr005 Cr05 0.99796797 0.24939558 0.62506665 0.05000000

Cr006 Cr06 0.00401860 0.74746623 0.62369834 0.05000000

Cr007 Cr07 0.50132789 0.74967759 0.12506032 0.05000000

Cr008 Cr08 0.49723263 0.25219944 0.12603468 0.05000000

Cr009 Cr09 0.99660532 0.00468862 0.99713898 0.05000000

Cr010 Cr10 0.50835776 0.50159511 0.49844078 0.05000000

Ni001 Ni01 0.99577069 0.49548150 0.25354154 0.05000000

Cr011 Cr11 0.49288496 0.00525558 0.74926548 0.05000000

O0001 O01 0.00184452 0.72440771 0.85967735 0.05000000

O0002 O02 0.99542219 0.27413314 0.86315219 0.05000000

O0003 O03 0.49512047 0.22360538 0.36128034 0.05000000

O0004 O04 0.50763118 0.77290996 0.36151649 0.05000000

O0005 O05 0.00223066 0.77237641 0.38377625 0.05000000

O0006 O06 0.00224356 0.22161091 0.38801876 0.05000000

O0007 O07 0.49779009 0.27788714 0.88857076 0.05000000

O0008 O08 0.49936662 0.72243132 0.88928244 0.05000000

O0009 O09 0.22521122 0.49223113 0.64051261 0.05000000

O0010 O10 0.77513153 0.50619046 0.63917906 0.05000000

O0011 O11 0.72277127 0.00563379 0.13717336 0.05000000

O0012 O12 0.27781756 0.99942191 0.13794381 0.05000000

O0013 O13 0.22487874 0.00175524 0.61166579 0.05000000

O0014 O14 0.77769159 0.99645061 0.61043360 0.05000000

O0015 O15 0.72860116 0.50174341 0.11308107 0.05000000

O0016 O16 0.26972310 0.50346937 0.11604593 0.05000000
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#End data_Wien2k_Data

A.9 Cr3O4

data_Wien2k_Data

_cell_length_a 6.061035

_cell_length_b 6.061035

_cell_length_c 8.571597

_cell_angle_alpha 90.000000

_cell_angle_beta 90.000000

_cell_angle_gamma 90.000000

_cell_measurement_temperature 0.0

_diffrn_ambient_temperature 0.0

_symmetry_space_group_name_H-M ’Imm2 ’

_symmetry_space_group_number 44

_refine_date ’14- 4-2020’

_refine_method ’generated from Wien2k code’

_refine_special_details

loop_

_symmetry_equiv_pos_as_xyz

+x,+y,+z

-x,-y,+z

+x,-y,+z

-x,+y,+z

+x+1/2,+y+1/2,+z+1/2

-x+1/2,-y+1/2,+z+1/2
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+x+1/2,-y+1/2,+z+1/2

-x+1/2,+y+1/2,+z+1/2

loop_

_atom_site_label

_atom_site_type_symbol

_atom_site_fract_x

_atom_site_fract_y

_atom_site_fract_z

_atom_site_U_iso_or_equiv

Cr001 Cr01 0.00000000 0.00000000 0.99417727 0.05000000

Cr002 Cr02 0.00000000 0.50000000 0.24417678 0.05000000

Cr001 Cr01 0.75160324 0.00000000 0.37601989 0.05000000

Cr002 Cr02 0.00000000 0.25159381 0.62602970 0.05000000

O0001 O01 0.00000000 0.72487677 0.86132850 0.05000000

O0002 O02 0.00000000 0.77674551 0.39055296 0.05000000

O0003 O03 0.22325985 0.50000000 0.64055951 0.05000000

O0004 O04 0.22486757 0.00000000 0.61133242 0.05000000

#End data_Wien2k_Data
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APPENDIX B

Supplementary Video Captions

Video S1. Crumpled graphene ball formed by shear and compressive forces rolling during

sliding. Video was recorded at 25 frames per second (fps) and is shown in real time.

Video S2. Folding and unfolding of a single graphene sheet. Video was recorded at 25 fps

and is shown in real time.

Video S3. Mechanical behaviors of graphitic nanocrystals and intra-sheet links. Video was

recorded at 25 fps and is shown in real time.

Video S4. Rotation of graphitic nanocrystals during sliding. Video was recorded at 25 fps

and is shown in real time.

Video S5. Adhesion of crumpled graphene after compression. Video was recorded at 25 fps

and is shown in real time.

Video S6. Adhesion of crumpled graphene after shear. Video was recorded at 25 fps and is

shown in real time.

Video S7. Unfolding and folding crumpled paper can be done reversibly by applying

tensile forces to the edges of the sheet. Video was recorded at 30 fps and is shown in real time.
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